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Abstract
To create and design novel structural materials with enhanced creep-resistance,
fundamental studies have been conducted on high-entropy alloys (HEAs), using (1)
thermodynamic calculations, (2) mechanical tests, (3) neutron diffraction, (4) characterization
techniques, and (5) crystal-plasticity finite-element modeling (CPFEM), to explore future
candidates for next-generation power plants.
All the constituent binary and ternary systems of the Al-Cr-Cu-Fe-Mn-Ni and Al-Co-CrFe-Ni systems were thermodynamically modeled within the whole composition range.
Comparisons between the calculated phase diagrams and literature data are in good agreement.
The AlxCrCuFeMnNi HEAs have disordered [face-centered-cubic (FCC) + body-centered-cubic
(BCC)] crystal structures. Excessive alloying of the Al element results in the change of both
microstructural and mechanical properties in AlxCoCrFeNi HEAs. After homogenization, the
Al0.3CoCrFeNi material is a pure FCC solid solution. After aging at 700 °C for 500 hours, the
optimal microstructure combinations, the FCC matrix, needle-like B2 [ordered BCC] phase
within grains, and granular  [sigma] phase along the grain boundary, is achieved for
Al0.3CoCrFeNi. The chemical elemental partitioning of FCC, BCC, B2, and phases at different
temperatures, before and after mechanical tests, in Al-Cr-Cu-Fe-Mn-Ni and Al-Co-Cr-Fe-Ni
systems are quantitatively characterized by both synchrotron X-ray diffraction, neutron
diffraction with levitation, scanning-electron microscopy (SEM), advanced atom-probe
tomography (APT), and transmission-electron microscopy (TEM). In-situ neutron-diffraction
experiments were conducted to study the strengthening effect of the B2 phase directly. The
results show that the creep behavior of Al0.3CoCrFeNi is superior to conventional alloys, and the
heat treatment introduces the secondary B2 phase into the FCC matrix, which increases the
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yielding strength, decreases the ductility, and diminishes the serrated flow during compression
tests at high temperatures.
In summary, the outcomes of the development of the HEAs with creep resistance include:
(1) Suitable candidates, for the application to boilers and steam and gas turbines at temperatures
above 760 °C and a stress of 35 MPa. (2) Fundamental understanding on the precipitate stability
and deformation mechanisms of both single-phase and precipitate-strengthened alloys at room
and elevated temperatures, and (3) The demonstration of an integrated approach, coupling
modeling and focused experiments, to identify HEAs that outperform conventional alloys for
high-temperature applications.
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Chapter I. Introduction
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Nowadays, most efficient fossil-energy power plants operate at the steam temperature of
~ 600 °C [1]. Nearly two dozens of power plants worldwide have been operated with the main
steam temperatures of 580 °C to 600 °C and steam pressures of 24 to 35 MPa. Based on Ref. [1],
the steam temperature is expected to increase another 50 °C to 100 °C in the next 20 or 30 years.
In addition, extensive research has been performed in the United States with the goal of
achieving the steam temperature of 760 °C and pressure of 35 MPa. To achieve proposed steam
temperatures and pressures, new advanced high-temperature alloys, which can survive at the
expected service temperature and pressure for a long period (~ 30 years), are needed.
Depending on the experienced temperature and stress, components in fossil-energy power
plants are mainly based on ferritic heat-resistant steels, austenitic heat-resistant steels, or nickelbased superalloys. Ferritic steels are always preferred, compared with austenitic steels in fossilenergy power plants, especially for heavy-section components, because of their low thermal
expansion coefficient, high thermal conductivity, and relative low cost. Austenitic steels are
likely to suffer from thermal fatigue, and, then, cause problems in fossil-energy power plants [1].
On the other hand, nickel-based superalloys [2] have been employed in more severe conditions
due to superior high-temperature strength. However, their cost is much higher than steels, and,
thus, their applications are limited to certain critical parts. Creep resistances of these three sorts
of materials are compared by the 105 h creep rupture strength at the temperature of 500 °C to
750 °C, shown in Figure 1.1. Although austenitic steels have better creep resistance than ferritic
steels, newly-developed ferritic steels (T/P91, T/P92, and T/P911) can be used in the region,
where austenitic steels dominated. To complementing existing fossil-energy materials, we aim at
performing fundamental studies on the AlxCoCrFeNi high-entropy alloy (HEA) system for use in
boilers and steam and gas turbines at temperatures above 760 °C and a stress of 35 MPa, and
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develop an integrated approach, coupling thermodynamic calculations and focused experiments,
to identify HEAs that outperform conventional alloys.
1.1 Objective and motivation
The objectives of this research are to (1) perform fundamental studies on the
AlxCrCuFeMnNi and AlxCoCrFeNi high-entropy alloy (HEA) systems for use in boilers and
steam and gas turbines at temperatures above 760 °C and a stress of 35 MPa, (2) investigate the
creep behavior and related deformation mechanisms of HEAs, (3) study the thermodynamics and
kinetics of NiAl precipitates and their strengthening effect in the creep behavior of HEAs, and (4)
develop an integrated approach, coupling modeling [thermodynamic calculations and crystalplasticity finite-element modeling (CPFEM)] and focused experiments, to identify HEAs with
excellent creep properties that outperform conventional alloys for high-temperature applications.
The proposed work will take advantage of the seamless integration of materials by design,
materials mechanical properties, materials microstructural characterization, and theoretical
modeling.
Novel structural materials are sought to extend the temperature and pressure of boilers,
steam turbines, and gas turbines. The efficiency of the conventional fossil-power plant is a strong
function of the steam temperature and pressure. By increasing the steam temperature from
593 °C to 700 °C, the efficiency will increase from 47 %, representing the current state-of-the-art
plant to around 55 %. For example, ferritic steels are currently used only at temperatures below
620 °C due to their limited creep resistance at higher temperatures. Thus, new alloy systems are
needed for advanced power plants.
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Figure 1. 1 The comparison of the creep resistance of ferritic steels, austenitic steels, and nickelbased alloys [3].
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Recently, high-entropy alloys (HEAs) or multi-principal-element alloys, a new type of
advanced materials, are nearly equiatomic and multi-element systems, which can crystallize as a
single phase or multi-phases [4-6]. In other words, HEAs are considered as “Metal Buffet”, in
which several metallic elements, e.g., Al, Co, Cr, Fe, Ni, Mn, Ti, Nb, Hf, Ta, Zr, are mixing
together. HEAs attract great attention for their outstanding properties, such as the good strength
and ductility [7-10], great fatigue [11-13], outstanding low-temperature fracture toughness [14],
decent wear resistance [15-17], corrosion resistance [18], and elevated-temperature softening
resistance [19-21], which make them as potential structural materials with many applications.
For long-term applications, the creep properties of HEAs must be examined carefully. However,
based on our knowledge, very limited studies have been conducted for HEAs on their long-term
creep behavior. Only two papers using indentation tests [22, 23], one paper using stressrelaxation tests [24], and one paper using in-situ slow strain rate tensile tests [25] to study and
estimate the creep behavior of HEAs have been reported. Thus, it becomes obvious for critical
issues about HEAs: (1) how does the multi-principal elements affect the microstructures and
their creep properties?; (2) how does the high-entropy configuration influence creep deformation
mechanisms at high temperatures?; and (3) what is the specific fundamental contributing factors
in controlling the creep properties of HEAs? These issues will be addressed by accomplishing
the above project goal.
The research efforts include new material development and applications, mechanical
behavior, deformation mechanisms, multiscale modeling, and microscopy science. A
systematical study on mechanical properties at room and elevated temperatures (the ductility,
facture toughness, creep resistance, etc.) can assess the capability of HEAs as components in
fossil-energy power plants with the steam temperature of 700 °C or even higher. At the same
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time, the study could deepen our fundamental understanding on the precipitate stability and
deformation mechanisms of both single-phase and precipitate-strengthened alloys at room and
elevated temperatures.
1.2 Framework
Based on the experience of our group with creep studies on ferritic steels, we hypothesize
that HEAs with appropriate compositions will show superior creep resistance over traditional
alloys due to (1) resulting high entropy of mixing to lower the free energy of solution phases at
high temperatures; (2) accompanied sluggish diffusion due to the difficult cooperation among the
migrations of different elements yields simple solid solutions at high temperatures; and (3)
highly-thermal resistant precipitation to induce the required level of strength and creep properties
at high temperatures. If the above hypothesis can be confirmed, it will greatly sharpen the basic
understanding of the HEAs’ creep behavior with high-entropy configurations, which empowers
them with outstanding properties to surpass other conventional alloys at elevated temperatures
for engineering applications.
To test the above hypothesis, a systematic research plan integrating experimental and
computational efforts is proposed. Figure 1.2 outlines the integrated experimental and
computational framework. The present research mainly focuses on the creep behavior of HEAs
from four fundamental aspects, including (1) Task 1: Thermodynamic Calculations to select the
suitable HEAs; (2) Task 2: Alloy Fabrication; (3) Task 3: Microstructural Characterizations to
experimentally verify predicted phases and determine structures at elevated temperatures; and (4)
Task 4: Mechanical Characterizations to complete ex-situ and in-situ creep and mechanical
behavior using neutron diffraction techniques. Crystal-plasticity finite-element modeling
(CPFEM) is utilized to provide a basic understanding and prediction of creep/tension behavior.
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Figure 1. 2 The framework of the present integrated experimental and computational work

7

Chapter II. Literature Review
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Most practical alloy systems are based on a single principal element that forms the matrix of
the system with various additional elements to enhance particular properties, such as iron or aluminumbased alloys. As a new class of multicomponent metallic materials, high-entropy alloys (HEAs), also
known as multicomponent alloys [4], multi-principal element alloys (MPEAs) [26], complex
concentrated alloys (CCAs) [27], compositionally complex alloys (CCAs) [28], or baseless alloys [27],
have inspired the exploration of the vast composition space. The definition of HEAs is based on either
composition [4, 5] or the magnitude of entropy [6]. In general, HEAs contains five or more principal
elements in an equal or near equal atomic percent, the whole entropy is more than 1.61 R [R (= 8.31 J /
K mol) is the gas constant], which can crystallize as either a single phase or multi-phases [4, 5]. Most
of the HEAs described in the literature contain multiple phases (second phases, nanoparticles, and so
on), rather than a single solid-solution phase [6, 29]. These multiple-phase HEAs have promising
mechanical properties. Hence, it is essential to develop a fundamental deformation understanding,
based on both single-phase and multiphase HEAs [5, 6].
In this chapter, we focus on the mechanical behavior of HEAs. A comparison between the
single-phase HEAs and traditional alloys has been conducted. Deformation mechanisms in terms of
dislocations and deformation twins are discussed thoroughly. The present work is expected to shed a
light on the research for the fundamental studies as well as further engineering applications of HEAs
and other advanced materials.
2.1 Classifications of high-entropy alloys (HEAs)
Several review papers and two books have been published in aspects of solid-solution
formation rules, microstructures, properties, and future prospects of HEAs [6, 27, 28, 30-34]. Miracle et
al. reviewed 408 HEA alloys and divide them into three main families, 3d-transition-metal HEAs,
refractory metal HEAs, and others [27]. From a strong focus on 3d-transition-metal HEAs, mechanical
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properties of HEAs are complicated and hardly to obtain a clear trend. Thus, in this paper, based on
mechanical responses, HEA alloy systems are divided into four families for the first time, shown in
Figure 2.1. The first is the soft HEA solid solutions, only including 3d-transition metals (CoCrFeMnNi
[4, 14, 35, 36], CoCrFeNi [35, 37, 38], CoFeMnNi [35], CoCrMnNi [35], and Co0.25Cr0.1Fe2Mn1.35Ni1.3
[39]). The second is the combinations of transition metals with larger-atomic radius-elements, such as
Al / Ti / V / Mo (AlxCoCrCuFeNi [5, 11, 29, 40], AlxCoCrFeNi [41, 42], AlxCoCrFeMnNi [43],
AlxCoCrFeNi2 [44, 45], Al0.4Hf0.6TaTiZr [46], AlCoCrCuFeNiTi [47], AlCoCrFeNiVx [48],
AlCoCrCuFeNiVx [49], and AlCrFeNiMox [50]). The third is based on refractory metals (NbMoTaW,
NbMoTaVW, HfNbTaTiZr, et al. [19, 51]). Few other alloy systems, such as CoCrFeNiPd,
CoCrFeNiPd2 [52] and PtPdRhIrCuNi [53], are also studied.
2.2 Local structures of HEAs at atomic scales
On the atomic level, the local structure is of essential importance for establishing the
formation rule of single-phase HEAs [54], predicting the solidification process of multi-phase
HEAs [29], characterizing the lattice distortion of HEAs [29, 55], and describing the phase
separation of HEAs [56-58], etc. In the present work, local structures of HEAs on atomic scales
are summarized, combining several state-of-art techniques, i.e., (a) the pair-distribution function
(PDF) of neutron-diffraction data, (b) ab-initio molecular-dynamics (AIMD) simulations, and (c)
atomic-probe-microscopy (APT). The present work is expected to shed light on the research for
the further study of HEAs and other advanced materials.
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Figure 2. 1 The classifications of high-entropy alloys (HEAs)
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2.2.1 Pair distribution function (PDF) analysis of local structures in HEAs
In single-phase HEAs, the lattice is locally distorted because of the occupation of the
same crystallographic sites by atoms with different sizes. This local distortion effect is an
essential strengthening mechanism for the single-phase HEAs [6]. To describe the local lattice
distortion on the atomic level, the atomic-level stress is introduced. The atomic-level stress was
conceived by Egami [59, 60] to describe the local structure (i.e., the atomic cage surrounding
atoms) of atomistic models. The local structure can be probed by means of the atomic-pairdistribution-function (PDF) analysis of experimental synchrotron and neutron diffraction data.
PDF gives the probability of finding an atom at a distance, r, from a given atom. The reduced
pair-distribution-function, G(r), is obtained through the Fourier transformation of the
experimental synchrotron or neutron structure function, S(Q):

G (r ) 
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Q[ S (Q)  1]sin(Qr )dQ

(2.1)

where r is the inter-atomic distance and Q is the scattering vector.
In order to interpret the experimental PDF curves of HEAs, the ideal calculated PDF,
Gc(r), is obtained through the following equation, based on a perfect crystal model.
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where rij is the distance between atoms i and j, bi is the scattering length of atom i, <b> is the
average scattering length, (r - rij) is the Delta function (= 1 if r = rij, otherwise = 0), and 0 is the
average number density of atoms.
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Take conventional crystalline alloys for example. The distances between atoms are welldefined as a function of the lattice parameter, a. For perfect face-centered-cubic (FCC) and
2
6
a
a
body-centered-cubic (BCC) crystals, the equilibrium positions are, rij, FCC = 2 , a , 2 ,
3
a
2a , 3a , ..., and, rij, BCC = 2 , a ,

2a ,

11
a
2 ,

3a , ..., respectively. Thus, the perfect

crystal will have infinite long-range order.
Compared to perfect crystals, the atomic-level stresses of two kinds of HEAs, ZrNbHf
and Al1.3CoCrCuFeNi, are different and unique (Figure 2.2) [29, 55]. For the ZrNbHf HEA, the
difference between the experimental and the calculated PDFs is particularly significant for the
second peak (shown by a black arrow) in Figure 2.2a of the PDF. The strong broadening of the
second calculated peak implies that locally the lattice becomes distorted away from the average
BCC structure. For the distance, r > 0.4 nm, the PDFs calculated using perfect crystal models
agree well with the experimental PDFs [55]. However, for multi-phase Al1.3CoCrCuFeNi HEAs,
the observed PDF matches well with the ideal crystalline model only at large distances, r > 1 nm
in Figure 2.2b. Significant mismatch occurs when the distance is less than 1 nm, resulting from
lattice distortion [29]. Even though the atomic-level stresses of two kinds of HEAs have different
characteristics, the experimental results for both HEAs demonstrate local lattice distortions due
to different atomic sizes in the solid solution.
2.2.2 Local-atomic structures of the liquid HEAs
At the atomic level, ab-initio molecular dynamics (AIMD) is a very powerful
computational

simulation

method

of

physical

movements

and

chemical

interactions of atoms and molecules, which can predict the primary crystallization during
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solidification for HEAs [61]. The AIMD simulation is used to predict the local-atomic structure
of the liquid Al1.3CoCrCuFeNi (Figure 2.3) and HfNbTaTiZr [29, 54]. The partial-paircorrelation functions of Al1.3CoCrCuFeNi, at the molten temperature of 1,673 K, predict that
certain nearest-neighbor pairs, i.e., Al-Ni, Cr-Fe, and Cu-Cu, occur much more frequently than
other atomic pairs (Figure 2. 3a). These trends in the liquid can be viewed as precursors for
nucleating the segregated Al-Ni-enriched, Cr-Fe-enriched, and Cu-rich phases [29]. For
HfNbTaTiZr, the simulated partial correlation functions at 2,773 K are uniform, suggesting that
the atoms are much more randomly distributed than the case of Al1.3CoCrCuFeNi. As a result, a
single BCC phase forms in the solid state [54]. The AIMD-simulated PDF matches the
experimental PDF well in a reasonable error range for the molten Al1.3CoCrCuFeNi [Figure
2.3(b)] [29].
The atomic diffusivity, which is an important parameter at high temperatures, can also be
obtained by plotting the mean-square displacement versus time through examining the atomic
trajectory in AIMD simulations. For Al1.3CoCrCuFeNi both at 1,673 K [29] and 1,873 K [54],
Cu has the fastest diffusivity, which facilitates its precipitation from the matrix. For HfNbTaTiZr,
the trend in the diffusion constants in the descending order (Ti > Nb ~ Zr > Ta > Hf) seems to
follow the order of the atomic size and elemental weight, further suggesting the lack of strong
chemical ordering or segregation. Thus, the local structure on the small atomic scale can be
predicted by AIMD simulations. In another words, the AIMD simulation can serve as an
effective theoretical method to predict the solidification behaviors of multi-phase HEAs and shed
new light on the search for next-generation single-phase high-entropy solid solutions.
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Figure 2. 2 The room-temperature neutron PDF data (blue), and calculated PDF results (red) of
ZrNbHf (a) and Al1.3CoCrCuFeNi (b). The difference between measured and calculated curves
(black dots for ZrNbHf and green line for Al1.3CoCrCuFeNi) show that the variations below
0.4nm for ZrNbHf and 1nm for Al1.3CoCrCuFeNi are larger than that at larger distances [29, 55]
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Figure 2. 3 (a) AIMD-simulated selected partial pair correlation functions, g(r). Certain
nearest-neighbor pairs, i.e., Al-Ni, Cr-Fe, and Cu-Cu, occur much more frequently than others;
(b) The experimental PDF (blue) and AIMD-simulated (red) PDFs match well for molten
Al1.3CoCrCuFeNi [29].
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2.2.3 Alloying-element distributions on the atomic scale of HEAs
In addition to PDF and AIMD, the three-dimensional (3D) atomic-probe tomography
(APT) is used to map the nano-scaled distribution of alloying elements in Al0.5CoCrCuFeNi [62],
AlCoCrCuFeNi [58, 63, 64], Al1.3CoCrCuFeNi [29], AlCrCuFeNiZn [65], AlCoCrFeNi [56],
and CoCrFeMnNi [39, 66, 67] HEAs. This elemental distribution on nano-scale cannot be
observed by the normal Energy Dispersive Spectroscopy (EDS) on the Scanning electron
microscopy (SEM), which detects the chemical composition on the micrometer scale.
The CoCrFeMnNi and Co0.25Co0.1Fe2Mn1.35Ni1.3 HEAs were proved to be true solid
solutions down to the atomic scale by APT, since there is no segregation or enrichment observed
on the atomic scale [39, 66, 67]. Strictly, the experimental frequency distribution of nanoscaled
atomic clusters in the 3D-atom-probe data should be quantified and compared with the classic
binomial frequency distribution, f(n) [68]. The deviation of the experimentally-measured
distribution from the binomial can be quantified by means of the normalized statistics,  [68].
can track the changes in the degree of solute segregation. When is equal to 0, it means a
random distribution. But when is 1, it suggests a complete association in the occurrence of the
solute atoms.

n
f (n)    p k (1  p) n k
k 

(2.3)

where n is the number of solute atoms.

(e(n)  f (n)) 2
f ( n)
n 0
N

2  

where e(n) is the number of blocks containing n solute atoms in the experimental data.
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(2.4)

0 
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N  2

(2.5)

In Al0.5CoCrCuFeNi, obvious chemical segregation on the atomic scale is observed by
APT. The Cu-rich and FeCoCr(Ni)-rich domains are alternately distributed in Al0.5CoCrCuFeNi
[62]. For AlCoCrCuFeNi and Al1.3CoCrCuFeNi, there are three phases, B2 (Al-Ni-enriched),
BCC (Cr-Fe-enriched), and FCC (Cu-rich) [29, 58, 63]. For AlCoCrFeNi, two phases, B2 (AlNi-enriched) and BCC (Cr-Fe-enriched), are present [56]. The nature of interfaces between
constituent phases in the AlCoCrCuFeNi HEA is also studied by APT. The width of the
transition region between B2 and disordered BCC phases is 1.5 - 7 nm [58, 63]. Even for the
same phase, BCC or B2, the APT results vary for different HEAs. Within the BCC region (CrFe-enriched) of AlCoCrFeNi, the Fe- and Cr-clusters exhibit the intertwined morphology (Figure
2.4). In other words, an alternation of the Fe- and Cr-clusters is present, and the local Fe or Cr is
about 2 nm in width, seen in Figure 2.4(b). The chemical fluctuation in the BCC phase of
AlCoCrFeNi is larger than that of AlCoCrCuFeNi [56]. Within the B2 region, all elements show
quite a homogeneous distribution in AlCoCrFeNi [56]. But, for Al1.3CoCrCuFeNi, within the B2
phase, inhomogeneous Cu-rich and Cr-rich nano-precipitates are found [29].
Thus, APT is an effective technique to study the nano-scaled chemical distribution of
HEAs. Furthermore, the intrinsic chemical characteristics of different FCC, BCC, or B2 (ordered
BCC) phases, in various HEAs are presented on the nanometer scale.
In summary, the HEAs, a new class of materials, show exceptionally-promising
engineering properties, especially in extreme conditions. On the atomic level, the AIMD
simulation in the liquid state can predict the most frequent nearest-neighbor pairs, which shed
light to the solidification behaviors of HEAs. The comparison between experimental and
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calculated PDFs shows the local lattice distortion due to the local atomic stresses within HEAs.
The APT shows chemical distribution on the nanoscaled, and further frequency distribution
analysis of nanoscale atomic cluster in the 3-D atom probe data is essential to quantify the
element distribution degree in HEAs.
2.3 Mechanical properties of HEAs
Mechanical properties of high-entropy alloys (HEAs) are widely studied in the field of
hardness [4, 5, 9, 22, 44-46, 48-51, 63, 69-107], compression [5, 69, 108, 109], tension [39, 43,
79, 106, 107, 110-115], serration [116-126], fatigue [11], and nanoindentation [23, 127, 128]
since 2004 . Even though HEAs have a wide range of mechanical properties, many HEAs have
been reported to have promising properties, such as high hardness values [22, 49, 51, 69, 71, 72,
74, 75, 81, 85, 91, 93, 100], yielding strength [19, 46, 85, 129], large ductility [39, 110, 113],
fatigue resistance [11], and good fracture toughness [14]. In this chapter, we will review the
effects of compositions, annealing treatments, alloying elements contents, temperatures, strain
rates, sample sizes, and lattice-structure types on mechanical behavior and related
microstructural evolution of HEAs in the sections relating to hardness, compression, tension,
fatigue, and nanoindentation. Besides experimental studies, a mean-field theory (MFT) model
successfully predicts the slip-avalanche and serration statistics observed in recent simulations of
plastic deformation of HEAs [116-126]. Based on former studies, future work related to
mechanical properties of HEAs are proposed at the end of this chapter.
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Figure 2. 4 The atomic-probe tomography (APT) of the Cr-Fe-rich phase in the AlCoCrFeNi
HEA [56]. (a) 3D reconstruction of Fe- (in blue) and Cr- cluster (in green); (b) the concentration
profile of Fe- and Cr- clusters along the cylinder (pink) indicated in (a).
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2.3.1 Hardness
Hardness is one of the most convenient ways to describe the mechanical properties of
metallic materials [130]. Vickers hardness testing can be done quickly and efficiently, without
the need for a large volume of sample materials. For some thin-film HEAs, the yield stress of
thin films cannot be measured directly, but microhardness tests can easily be done with high
precision. HEAs exhibit hardness values varying widely from 140 to 900 HV, depending on the
alloy systems and related processing methods [5, 9, 44, 46, 49, 51, 69, 71, 74-79, 81, 83-85, 9093, 99-102, 105-107]. The hardness values of 20 most studied HEAs, compared with
conventional alloys, are shown in Figure 2.5. The hardness varies widely in each alloy system.
Take the AlCoCrCuFeNi [5, 69, 70, 110, 131-135] alloy system for example, the hardness varies
from 154 HV to 658 HV, which is strongly dependent on the exact chemical compositions,
fabrication methods, and following heat-treatment processes. The hardness values of several
alloy systems, such as AlCrFeMnNi and AlCrFeMoNi, are generally higher than conventional
ferrous and non-ferrous alloys in Figure 2. 5. However, the hardness values of the as-cast HEAs
mainly with the face-centered-cubic (FCC) phase (i.e., CoCrFeNi, CoCrCuFeNi, and
CoCrFeMnNi) are generally low at room temperature [77] but those containing appreciable
amounts of Al and Ti are generally high due to the formation of stronger second phases. The
average hardness values of refractory HEAs mainly with the body-centered cubic (BCC) phase
are relatively high, e.g., 390 HV, 454 HV, 535 HV, 591 HV, and 500 HV for HfNbTaTiZrTi,
MoNbTaW, MoNbTaVW, AlMo0.5NbTa0.5TiZr, and Al0.4Hf0.6NbTaTiZr alloys, respectively [9,
46, 51]. Thus, the selection of the alloy system, adjusting the composition ratio within an alloy
system, and the choice of alloy processing methods are critical in determining the alloy hardness
of HEAs.
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[a] Annealing treatment
Based on the effect of the annealing treatment on the hardness, HEAs are divided into
two groups: (a) strong aging hardening (red lines) and (b) weak aging hardening (black lines),
shown in Figure 2.6.
Strong high-temperature aging hardening happens in several alloy systems, such as
AlxCrFe1.5MnNi0.5 (x = 0.3 and 0.5) [74], three FCC-structured HEAs (Al0.3CoCrFeNi,
Al0.3CoCrFeNiMo0.1, and Al0.3CoCrFeNiTi0.1) [78], Cr2CuFe2MnNi [90], and CoCrFeNiMo0.85
[102], shown by red lines in Figure 2.6. This strong high-temperature aging-hardening
phenomenon is seldom found in conventional alloys. The age-hardening behavior is attributed to
the formation of precipitates, for example, a ρ (Cr5Fe6Mn8) phase in the AlxCrFe1.5MnNi0.5 (x =
0.3 and 0.5) alloy, a (Ni, Al)-rich B2 phase in the Al0.3CoCrFeNi alloy, the dual precipitates of a
(Ni, Al)-rich phase and a (Cr, Mo)(Co, Fe, Ni) σ phase in the Al0.3CoCrFeNiMo0.1 alloy, and a
(Ni, Co, Ti)-rich B2 phase in the Al0.3CoCrFeNiTi0.1 alloy [74, 78]. However, when the
temperature is above 900 K, the hardness of the AlxCrFe1.5MnNi0.5 (x = 0.3 and 0.5) alloy
decreases. The reason is mainly related to the softening of the second phases [74].
If there is no new precipitation during the annealing process, annealing plays a slight role
in increasing hardness of HEAs. This situation happens in the Al0.5CoCrFeNi, CoCrCu0.5FeNi,
Al0.5CoCrNiTi0.5, and CoCrFeNiTi0.5 samples [77, 83, 100, 105], shown by black lines in Figure
2.6.
[b] Alloying effects
The alloying ratio plays an important role on the structure and mechanical properties of
HEAs, which draws much attention to HEAs in the area of metallurgy. In this section, we will
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summarize the effect of the Al, B, Co, Cr, Mo, Nb, Ni, and V on the mechnical properties of the
single-phase HEAs and multi-phase HEAs, respectively.
None of the reported equiatomic multicomponent bulk alloys of light transitions metals
with Al are single-phase solid solutions. Their common feature is the eutectic type of the
interaction between the components [5, 63, 136]. For the systems, AlxCoCrCuFeNi [5],
AlxCoCrFeMnNi [43], AlxCoCrFeNi2 [44], and AlxCoCuFeNi [41, 42], single-phase HEAs with a
FCC structure type forms with very low Al contents (x ≤ 0.5). In the FCC single-phase region (x
≤ 0.5) (marked by grey square in Figure 2.7), the increase of hardness mainly results from
substitutional solid-solution strengthening.
The effects of aluminum concentrations on the hardness values of the AlxCoCrCuFeNi [5,
43, 45, 69], AlxCoCrFeNi2 [44], AlxCoCrFeNi [76, 92], AlxCoCrFeMo0.5Ni [99], and
AlxCoCrFeNiTi [93] alloys are summarized in Figure 2.7. From Figure 2.7, we can see that the
hardness of the alloys generally increases, as the aluminum ratio increases in the
AlxCoCrCuFeNi, AlxCoCrFeNi2, and AlxCoCrFeNi alloys. The aluminum contribution to the
hardness increase of multi-phase HEAs was related to a solution-hardening mechanism, a
precipitation strengthening effect, and a nanocomposite-strengthening effect [5, 44, 76, 92]. The
origins of such effects can go back to lattice-strain energies and electronic bonds [45]. For
AlxCoCrFeMo0.5Ni and AlxCoCrFeNiTi, the trend is different, that is, the hardness increases,
when the atomic ratio of aluminum is lower than 1.0, while the hardness decreases, when the
aluminum atomic ratio is higher than 1.0. This trend can be explained by phase compositions and
microstructures. In the as-cast Al0 alloy, the FCC solid solution was confirmed as the main phase,
while the Al1.0 alloy is mainly composed of the (-Fe,Cr)-based BCC solid solution, which is
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stronger than the FCC counterpart [93, 99]. The hardness decreases, as the aluminum ratio is
higher than 1.0, resulting from the brittleness of the formed BCC phase.
The effect of B/Ni/V/Co/Cr/Nb/Mo on the hardness values of HEAs are summarized in
Figure 2.8. The alloys, AlBxMnNiTi, possess high hardness. The hardness increases from 740 to
779 HV, as the boron atomic ratio increases from 0 to 0.5, which could be induced by the
aberrance of the crystal lattice [71]. The effect of vanadium addition on hardness is well studied
in Al0.5CoCrCuFeNiVx and AlCoCrFeNiVx. For Al0.5CoCrCuFeNiVx, in the range of x < 0.4 and
x > 1.2, solution hardening in FCC and BCC phases seems small with the addition of more
vanadium. In the range of 0.4 < x < 1.0, with more vanadium addition, the hardness value rapidly
increases and peaks (640 HV) at x = 1.0. The increased volume fractions of the BCC phase and
the σ-phase precipitation are the main reason [49]. The hardness of as-cast AlCrFeCuNix HEAs
is constant, around 490 HV, when x is in the range of 0.6 to 1.0. But the hardness decreases
markedly, when x is in the range of 1.0 to 1.4, which results from the decrease of the proportion
of the CrFe-rich BCC phase [86, 88]. The hardness of AlCrFeNiMox (x = 0, 0.2, 0.5, 0.8, and 1.0)
increased obviously from 472.4 HV to 911.5 HV with the addition of the Mo element, which is
due to the solution-strengthening behavior and the transformation from the FeCr-type solid
solution to the FeCrMo-type σ phase [50]. AlCoxCrFeMo0.5Ni HEAs are superior over
AlxCoCrCuFeNi HEAs, which is attributable to the high volume fraction of the σ phase. With
the increase of Co from 0.5 to 2.0, the hardness decreases from 800 HV to 600 HV [75]. For
AlCoCrxFeMo0.5Ni, the alloy hardness increases from 601 HV at x = 0 to 867 HV at x = 2.0, as a
result of increasing the amount of the hard σ phase [82]. The Vickers hardness of
AlCoCrFeNiNbx [87] has an approximately linear increase with increasing the Nb content.
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Figure 2. 5 Hardness values of 20 most studied HEAs, compared with conventional alloys, such
as, Al, Co, Cr, Cu, Fe, Ni, Ti, and V based alloys, using data from Refs. [5, 9, 44, 46, 49, 51, 69,
71, 74-79, 81, 83-85, 90-93, 99-102, 105-107]. The hatched region shows the hardness range of
each alloy system. For example, the hardness of AlCoCrCuFeNi varies from 154 HV to 658 HV
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(a)

(b)
)

Figure 2. 6 Annealing effects on the hardness of HEAs, using data from Refs. [74, 77, 78, 83, 90,
100, 102, 105]. (a) Hardness values and (b) Hardness ratio, Hardness / Original Hardness (H /
Ho).
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[c] Structure effects
There are many factors determining the hardness values of FCC and BCC phases. It is
known that the FCC structure has slip planes with the closest packing, while the BCC structure
has no true close-packed slip planes. Thus, the critical stress for slip in the FCC structure is
basically smaller than the BCC structure. In addition, stronger interatomic bonding would have
higher Young’s modulus and, thus, higher strength. The solution-hardening effect is also more
pronounced for metals with higher modulus. The BCC phase is stronger than the FCC phase in
several alloy systems, such as AlxCoCrCuFeNi [5, 69], Al0.5CoCrCuFeNiVx [49], AlxCoCrFeNi
[73], which can be explained with the basic structure factor and solution-hardening mechanism
[5, 49, 69, 70].
The hardness, H, and volume fractions of FCC and BCC phases in the transition region of
the AlxCoCrFeNi system can be calculated as follows [72]:

H  aH FCC  (1  a) H BCC

(2.7)

where HFCC and HBCC are the average hardness values of single FCC and BCC phases,
respectively. a is the volume fraction of the FCC phase, and (1 − a) is that of the BCC phase.
Microstructures affect the hardness of HEAs too. For example, dentritic and interdentritic
areas in HEAs have different microhardnesses. Take the CoCrFeMnNi-related system for
example. The dendritic and interdendritic hardnesses are 30 HV and 109 HV for CoCrFeGeMnNi,
105 HV and 41 HV for CoCrFeMnNbNi, and 103 HV and 29 HV for CoCrFeMnNiV,
respectively [4]. This trend can be explained by the composition segregation and the hardness
nature of related pure metals.
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Figure 2. 7 Vickers hardness of the AlxCoCrCuFeNi, AlxCoCrFeNi, AlxCrCuFeNi2,
AlxCoCrFeMo0.5Ni, and AlxCoCrFeNiTi alloy systems with different aluminum contents (x
values in molar ratio), using data from Refs. [5, 43-45, 69, 76, 92, 93, 99]. The single-phase
HEAs are marked by a grey square.
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(a)

(b)

Figure 2. 8 Vickers hardness of the (a) AlMnNiTiBx, Al0.5CoCrCuFeNiVx, AlCoCrFeNiVx,
AlCrFeCuNix;

and

(b)

AlCrFeNiMox,

AlCoxCrFeMo0.5Ni,

AlCoCrxFeMo0.5Ni,

and

AlCoCrFeNiNbx alloy systems with different B/V/Ni/Mo/Co/Cr/Nb contents (x values in molar
ratio), using data from Refs. [49, 50, 71, 75, 82, 86-88]
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[d] Hot hardness
Some HEAs own high hot hardness and have the potential in high-temperature
applications. The AlCoxCrFeMo0.5Ni (x = 0.5, 1.0, 1.5, and 2.0) alloys exhibit the high hot
hardness of about 740 HV at 300K, 660 HV at 600 K, and 340 HV at 1,273 K [75]. The
softening coefficients of pure metals, such as Mo, Ni, Cr, Si, and Fe [75], are two order
magnitudes larger than those of AlCoxCrFeMo0.5Ni alloys, indicating that alloying indeed has a
tremendous effect on lowering the softening coefficient. It suggests that the σ phase is the main
strengthener at high temperatures [75]. AlCoCrxFeMo0.5Ni (x = 0, 0.5, 1, 1.5, and 2) alloys [82]
have respective hardness values at high temperatures.
The hot hardness as a function of temperature can be represented, using the following
equation, suggested by Westbrook [137].
H  A exp( BT )

(2.8)

The constant, A, is called the intrinsic hardness or the value of hardness at 0 K, i.e.,
extrapolated hardness at the absolute zero, and B is called the softening coefficient or thermal
coefficient of hardness. There are two sets of constants, A and B, in low-temperature and hightemperature regions of AlCoCrxFeMo0.5Ni (x = 0, 0.5, 1, 1.5, and 2), respectively, suggesting a
change in the deformation mechanisms. In high-temperature region, smaller B means higher
resistance to softening. The transition between low-temperature and high-temperature regions
may occur at one temperature or over a range of temperatures. In most metals and alloys, the
transition temperature is known to occur at about 0.5 Tm, where Tm is the melting point.
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2.3.2 Compressive properties
[a] Compressive stress-strain curves
Compression experiments have been extensively performed to study the mechanical
properties of HEAs [5, 8, 50, 69, 107, 109, 138-149]. From the stress-strain curve, several
parameters of materials can be determined, including Young’s modulus (E), compressive yield
strength (σy), compressive strength (σmax), elastic strain (εe), plastic strain (εp), etc. The reported
values determined from compression tests for different kinds of HEAs are summarized in Table
2.1. Various loading conditions can affect the mechanical behavior of HEAs in compression tests.
Yeh et al. [5] first reported that the temperature, strain rate, and Al content cause variations in
the compressive yield strength for AlxCoCrCuFeNi. The investigation of elemental addition is
then followed, and the alloying effect has been characterized, such as the addition of Al [46, 69,
109, 138-142], Ti [8, 143, 144], Cu [145], Y [146], Si [142, 147], Mo [50, 150], C [149], Nb [87,
151], Ni [88], V [48, 151], and Cr [152].
Recently, compressive behavior at cryogenic and elevated temperatures has been studied
[19, 46, 69, 85, 126, 153-157], and the temperature-dependent behavior was investigated.
Besides, the strain-rate [69, 155], sample size [158], and aging/annealing effects [80, 107, 131,
141, 159, 160] are also reported to have dramatical influence on the microstructural evolution
during compression deformation. For instance, Figure 2.10 presents the typical compressive
stress-strain curves of HEAs [69]. With a closer look at the plastic region, serration behavior can
only be found in specific temperature and strain-rate regimes, which is at temperatures of 873,
973, 1,073, and 1,173 K and a strain rate of 10-3/s in Figure 2.10. This trend implies that diverse
deformation mechanisms may exist. The effects of temperature, strain rate, and sample size on
compressive behavior are discussed in detail in the following subsections.
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(a)

(b)

(c)

Figure 2. 9 Hot hardness (H) as a function of temperature (T) for (a) AlxCoCrFeNi, (b)
AlCoCrxFeMo0.5Ni, and (c) AlCoxCrFeMo0.5Ni alloys, using data from Refs. [22, 75, 82]
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[b] Compressive fracture morphology
A characteristic fractography provides an efficient way to study the ductility of materials.
Based on the understanding of conventional alloys, the fracture surfaces of HEAs can be
categorized to be ductile and brittle fracture as well. The following example exhibits the effect of
Cu addition on the compressive fracture surfaces at room temperature [145]. As shown in Figure
2.11(a, b), a high density of dimple-like structures can be observed on the fracture surfaces of
Cu0AlCoCrFeNiTi0.5. A dimple-like structure is related to the microvoid coalescence or
aggregation [161], which is a typical feature of ductile fracture. As the content of Cu increases,
the dimple-like structures gradually decrease, and instead, tear edges and cleavage steps begin to
appear, as denoted by the white arrow in Figure 2.11(c, d), which is caused by the coordinated
operation of dislocations and microvoids. The combination of both features (tear edges and
cleavage steps) can be classified as the quasi-cleavage fracture [141, 145], which lies in-between
brittle and ductile fracture modes. With a further addition of Cu, planer facets and river-like
patterns can be identified in Figure 2.11(e, f), which is the typical cleavage fracture morphology,
and cleavage fracture usually leads to brittle behavior. The analysis of the fracture morphology
agrees very well with the corresponding stress-strain curves [145], which shows a plastic strain
of 9.05 % for AlCoCrCu0.25FeNiTi0.5, 6.04 % for AlCoCrCu0.5FeNiTi0.5, and 21.6 % for
AlCoCrFeNiTi0.5, respectively (listed in Table 2. 1 ).
[c] Temperature effects
Besides the multicomponent systems (e.g., Al-Co-Cr-Cu-Fe-Ni), refractory HEAs are
also developed for high-temperature applications [19, 46, 85, 155, 156]. With the addition of
refractory elements, the mechanical behavior of HEAs at elevated temperatures has been
improved, compared to traditional alloys. The compressive behavior of MoNbTaW at elevated
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temperatures is described in Figure 2.12(a) [19]. All curves exhibit significant plasticity. The
yield strength decreases, as temperature increases. Microstructural examinations indicate that
localized shear and cracking dominate the deformation behavior at lower temperatures (873 1,273 K), while grain-boundary sliding and voids formation should be responsible for the
fracture at higher temperatures.
The compressive behavior of Al0.5CoCrCuFeNi at cryogenic temperatures was also
studied [126, 153, 154]. In Figure 2.12(b), interestingly, the stress-strain curves present obvious
transition from a serrated flow at lower temperature (4.2 - 7.5 K) to non-serrated flow at higher
temperatures (30 - 300 K), which indicates a significant change in the deformation mechanism.
In addition, the sharp saw-like type of serrations could serve as a probe for microstructural
evolution. Work hardening is also observed at all listed temperatures. Structural characterization
at cryogenic temperatures is thus needed to clarify the reason.
The yield strengths at various temperatures are replotted in Figure 2.12(c) using data
from Table 2.2, for the comparison between HEAs and conventional alloys. The advantage for
HEAs is evident over traditional alloys. For example, the MoNbTaW and MoNbTaVW have
better yield strength than Inconel 718 and Haynes 230 conventioal alloys when the temperature
is above 1,273 K.
[d] Strain-rate effects
Loading rate has a major effect on the response time of materials during deformation, and
further on the mechanical performance. For HfNbTaTiZr, it's evident that at high strain rates (>
10-3/s), deformation strengthening dominates, and the plastic flow keeps on increasing in the
compression experiment at a temperature of 1,073 K, as shown in Figure 2.13(a) [155].
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Figure 2. 10 Compressive stress-strain curves of Al0.5CoCrCuFeNi at different temperatures and
strain rates of (a) 10/s and (b) 10-3/s [69]
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Table 2. 1 Room-temperature compressive properties of HEAs
Composition

 (s-1)

E (GPa)

σy
(MPa)

AlC0CoCrFeNi

1 × 10−4

125.1

1,138

AlC0.1CoCrFeNi
AlC0.2CoCrFeNi
AlC0.3CoCrFeNi
AlC0.4CoCrFeNi
AlC0.5CoCrFeNi
AlC1.0CoCrFeNi
AlC1.5CoCrFeNi

''
''
''
''
''
''
''

213.2
150.9
137.2
156.1
180.8
75.1
72.5

AlCoCrFeNiSi0

1 × 10−4

-

AlCoCrFeNiSi0.2
AlCoCrFeNiSi0.4
AlCoCrFeNiSi0.6
AlCoCrFeNiSi0.8
AlCoCrFeNiSi1.0

-

Al0.5CoCrFeNiTi
Al1.0CoCrFeNiTi
Al1.5CoCrFeNiTi
Al2.0CoCrFeNiTi

''
''
''
''
''
4.167 ×
10−3
''
''
''
''

AlCoCrFeNiTi0

1.67 × 10−3

-

AlCoCrFeNiTi0

1 × 10−4

127

AlCoCrFeNiTi0.5
AlCoCrFeNiTi1.0
AlCoCrFeNiTi1.5

''
''
''

177.7
90.1
159.8

AlCrCoCuFeNi

1.67 × 10−3

-

Al0CoCrCuFeNi

''

-

AlCoCrCuFeMo0Ni

2 × 10−4

-

AlCoCrCuFeMo0.2Ni
AlCoCrCuFeMo0.4Ni

''
''

-

Al0CoCrFeNiTi

134.6
106.8
147.6
133.4
93.5
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σmax
(MPa)

εp
(%)

S
Ref.
(mm)

Ø5
× 10
957
2,550
10.52 ''
906
2,386
8.68 ''
867
2,178
7.82 ''
1,056
2,375
6.67 ''
1,060
2,250
5.6
''
1,251
2,166
7.04 ''
1,255
2,083
5.54 ''
Ø5
1,110
∞
∞
×8
1,265
2,173
13.76 ''
1,481
2,444
13.38 ''
1,834
2,195
2.56 ''
2,179
2,664
1.77 ''
2,411
2,950
1.17 ''
Ø4
2,020
9
× 10
1,600
9.9
''
2,280
6.4
''
2,110
9.8
''
1,030
5.2
''
Ø3
1,250.96 2,004.23 32.7
×5
Ø5
1,500
2,830
26.9
× 10
2,260
3,140
23.3 ''
1,860
2,580
8.8
''
2,220
2,720
5.3
''
Ø3
1,147
1,560
21#
×5
237
∞
∞
''
Ø5
1,300
2,270
9.9
× 10
1,420
2,240
3.5
''
1,690
2,660
1.5
''
∞

∞

[149]
[149]
[149]
[149]
[149]
[149]
[149]
[149]
[147]
[147]
[147]
[147]
[147]
[147]
[139]
[139]
[139]
[139]
[139]
[162]
[143]
[143]
[143]
[143]
[163]
[163]
[150]
[150]
[150]

Table 2. 1 Continued
Composition

 (s-1)

E (GPa)

σy
(MPa)

σmax
(MPa)

εp
(%)

AlCoCrFeNb0Ni

2 × 10−4

-

1,373

3,531

24.5

AlCoCrFeNb0.1Ni
AlCoCrFeNb0.25Ni
AlCoCrFeNb0.5Ni

''
''
''

-

1,641
1,959
2,473

3,285
3,008
3,170

17.2
10.5
4.1

Al0CoCrCu1FeNiTi0.5

1 × 10−4

92.73

700

1,650

28.7

Al0.25CoCrCu0.75FeNiTi0.5
Al0.5CoCrCu0.5FeNiTi0.5
Al0.75CoCrCu0.25FeNiTi0.5

''
''
''

102.85
160.54
164.14

750
1,580
1,900

1,970
2,389
2,697

38.5
17.4
12

AlCoCrCu0.25FeNiTi0.5

1 × 10−4

110.46

1,994

2,460

9.05

AlCoCrCu0.5FeNiTi0.5

107.8

1,984

2,374

6.04

-

1,303

2,081

24#

AlCrCoCuFeMnNi
AlCrCoCuFeNiTi
AlCrCoCuFeNiV

''
1.67 ×
10−3
''
''
''

-

1,005
1,234
1,469

1,480
1,356
1,970

15#
9#
16#

AlCoCrCuNiTiY0

-

35.545

-

1,495

7.68

AlCoCrCuNiTiY0.5
AlCoCrCuNiTiY0.8
AlCoCrCuNiTiY1.0

-

35.815
37.69
36.855

-

1,024.5
1,324.5
1,192

3.07
4.73
3.54

Al0(CoCrCuFeMnNiTiV)100

1 × 10−4

74.247

1,312

1,312

0

Al11.1(CoCrCuFeMnNiTiV)88.9
Al20(CoCrCuFeMnNiTiV)80
Al40(CoCrCuFeMnNiTiV)60
CoCrCuFeNiTi0
CoCrCuFeNiTi0.5
CoCrCuFeNiTi0.8
CoCrCuFeNiTi1.0

''
''
''
1 × 10−4
''
''
''

164.087
190.086
163.208
55.6
98.6
128.3
76.5

1,862
1,465
1,461
230
700
1,042
1,272

2,431
2,016
1,461
∞
1,650
1,848
1,272

0.95
2.35
0
∞
21.6
2.11
0

AlCrCoCuFeNi

S
Ref.
(mm)
Ø5
× 10
''
''
''
Ø5
× 10
''
''
''
Ø5
× 10
''
Ø3
×5
''
''
''
5 ×5
× 10
''
''
''
Ø5
× 10
''
''
''
Ø5
''
''
''

[87]
[87]
[87]
[87]
[138]
[138]
[138]
[138]
[145]
[145]
[164]
[164]
[164]
[164]
[146]
[146]
[146]
[146]
[109]
[109]
[109]
[109]
[8]
[8]
[8]
[8]

*Strain rate,  ; Young’s modulus, E; Yield strength, σy; Compressive strength, σmax; Plastic
strain, εp; Sample size, S; Symbol -, blank; Symbol ", same as above; Symbol #, fracture strain
instead of plastic strain; and Symbol ∞, not fractured
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Figure 2. 11 Compressive fracture surfaces of as-cast AlCoCrCuxFeNiTi0.5 alloys, (a & b) x = 0,
(c & d) x = 0.25, (e & f) x = 0.5 [145]
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b
a

1,073 K
873 K
1,273 K
1,473 K
1,873 K

Al0.5CoCrCuFeNi

c

Figure 2. 12 (a) The compressive behavior of MoNbTaW at elevated temperatures [19], (b)
compressive behavior of Al0.5CoCrCuFeNi at cryogenic temperatures[126, 153], and (c)
temperature dependence of compressive yield strength for HEAs and conventional alloys,
replotted using data from Table 2.2 [19, 46, 85, 155, 156]
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Table 2. 2 Elevated-temperature compressive behavior of refractory HEAs
Composition

T (K)

 (s-1)

E
(GPa)

MoNbTaW

296

1 × 10−3

873
1,073
1,273
1,473
1,673
1,873

''
''
''
''
''
''
1 × 10−3

220 ±
20
180 ±
15
-

MoNbTaVW

HfNbTaTiZr

296

σp
(MPa)

εf (%)

S (mm)

1,058

1,211

1.5#

561
552
548
506
421
405

∞
∞
1,008
803
467
600

∞
∞
16#
12#
9#
27#

1,246

1,087

1.7

862
846
842
735
656
477

1,597
1,509
1,370
802
∞
∞

13
17
19
7.5
∞
∞

Ø3.6 ×
5.4
''
''
''
''
''
''
Ø3.6 ×
5.4
''
''
''
''
''
''
Ø3.8 ×
5.7
''
''
''
''
''
''
''
''
''
4.7 ×
4.7× 7.7
''
''
''
4.7 ×
4.7× 7.7
''
''
''

873
1,073
1,273
1,473
1,673
1873

''
''
''
''
''
''

296

1 × 10−3 -

929

-

-

673
873
1,273
1,473
1,073
''
''
''
''

''
''
''
''
1 × 10−1
1 × 10−2
1 × 10−3
1 × 10−4
1 × 10−5

790
675
295
92
285
475
535
543
550

-

-

1 × 10−3 178.6

2,000

2,368

10

1,073
1,273
1,473

''
''
''

1,597
745
250

1,810
772
275

11
> 50
> 50

296

1 × 10−3 78.1

1,841

2,269

10

1,073
1,273
1,473

''
''
''

796
298
89

834
455
135

> 50
> 50
> 50

AlMo0.5NbTa0.5TiZr 296

Al0.4Hf0.6NbTaTiZr

σy
(MPa)

-

80
36
27

48.8
23.3
-
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Ref.
[19]
[19]
[19]
[19]
[19]
[19]
[19]
[19]
[19]
[19]
[19]
[19]
[19]
[19]
[155]
[155]
[155]
[155]
[155]
[155]
[155]
[155]
[155]
[155]
[46]
[46]
[46]
[46]
[46]
[46]
[46]
[46]

Table 2. 2 Continued
Composition

σy
(MPa)

σp
(MPa)

εf (%)

1 × 10−3 -

1,595

2,046

5.0

1,073
1,273
1,473

''
''
''

983
546
170

1,100
630
190

5.5
∞
∞

298

1 × 10−3 80

1,105

-

> 50

873
1,073
1,273

''
''
''

834
187
58

-

> 50
> 50
> 50

298

1 × 10−3 98

918

-

> 50

873
1,073
1,273

''
''
''

571
240
72

-

> 50
> 50
> 50

298

1 × 10−3 120

1260

-

6

873
1,073
1,273

''
''
''

1035
300
115

-

> 50
> 50
> 50

298

1 × 10−3 100

1298

-

3

873
1,073
1,273

''
''
''

1230
615
259

-

> 50
> 50
> 50

T (K)

CrMo0.5NbTa0.5TiZr 296

NbTiVZr

NbTiV2Zr

CrNbTiZr

CrNbTiVZr

 (s-1)

E
(GPa)

-

-

-

-

-

S (mm)
4.7 ×
4.7× 7.7
''
''
''
4.7 ×
4.7× 7.7
''
''
''
4.7 ×
4.7× 7.7
''
''
''
4.7 ×
4.7× 7.7
''
''
''
4.7 ×
4.7× 7.7
''
''
''

Ref.
[85]
[85]
[85]
[85]
[156]
[156]
[156]
[156]
[156]
[156]
[156]
[156]
[156]
[156]
[156]
[156]
[156]
[156]
[156]
[156]

*Temperature, T; Strain rate,  ; Young’s modulus, E; Yield strength, σy; Peak stress, σp; Plastic
strain, εp; Sample size, S; Symbol -, blank; Symbol ", same as above; Symbol #, peak strain
instead of fracutre strain; and Symbol ∞, not fractured
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In contrast, strain softening occurs after yielding, followed up with a steady state for low
strain rates of 10-4/s and 10-5/s, which indicates an alternative deformation mechanism. Indeed,
by scanning-electron-microscopy (SEM) characterization, extensive wedge-like cavities
assemble at grain boundaries with strain rates of 10-3/s and 10-2/s, suggesting that the pure
dislocation mobility and diffusion activity are not sufficient to accommodate the deformation and
relieve stress concentration around sliding grain boundaries. With higher magnification, fine
recrystallized grains/particles can be found along grain boundaries, indicating the presence of the
high internal stress and high-density dislocations, which may contribute to the formation of the
grain-boundary cavitation. However, when the strain rate slows down to 10-4/s and 10-5/s, only
small round cavities exist, implying that the operation of dislocations and diffusion are sufficient
to accommodate the deformation process.
[e] Sample-size effects
Sample-size effects could be remarkable, since they may affect the cooling rate during
solidification. As well known for bulk metallic glasses (BMGs), sample size dramatically
influences their plastic behavior [165, 166], due to the cooling rate and crystallization. Similarly,
HEAs also show the sample-size effect on the compressive behavior to some extent. Figure 2.13
(b) depicts the stress-strain curve of samples with diameters of 2, 5, 8, and 10 mm, respectively
[158]. The yield strength decreases slightly, as the sample size increases, and the plasticity
increases dramatically with decreasing the specimen size. That's to say, smaller HEA samples
exhibit both higher strength and larger plasticity.
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(a)

(b)

Figure 2. 13 (a) Strain-rate effect on the compressive stress-strain curve of HfNbTaTiZr at T =
1,073 K [155], and (b) sample size effect on the compressive stress-strain curve of AlCoCrFeNi
at room temperature [158].
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The SEM characterization [158] indicates that samples of 2 and 5 mm in diameter present
similar single-phase morphologies, in contrast to the typical cast dendritic structures for larger
samples. Furthermore, the energy-dispersive analysis implies that for samples of 2 and 5 mm in
diameter, the elements within grains distribute homogeneously. However, for the other two
samples of 8 and 10 mm in diameter, Cr segregated to the interdendritic regions, and a
compound containing Ni and Cr may form during solidification, which could result in the
decrease of yield strength [158].
[f] Microcompression
It has been found that metallic alloys behave in a different way at the submicron scale,
compared to their bulk counterpart [167-172]: (1) the yield strength rises significantly, (2) plastic
deformation proceeds as intermittent strain bursts, and (3) the special creep behavior occurs
during high-load holding. Especially for (2), the strain burst refers to serration behavior. The
previous work has demonstrated that the distribution of strain bursts follows a power-law scaling
behavior [169, 171] or a tuned critical behavior [123].
Micro-compression experiments have also been conducted on HEAs [173, 174]. Figure
2.14 shows the scanning electron microscopy (SEM) images of the compressed MoNbTaW HEA
pillars with different sizes and corresponding stress-strain curves. The [316] orientation is
selected to obtain the single-slip system. Figure 2.14(a, b) clearly reveals the single slip bands on
the pillars of larger sizes, while multiple slips can be found in Figure 2.14(c, d) with smallersized pillars, which may contribute to strain hardening. The stress-strain curves in Figure 2.14(e)
exhibit that smaller pillars possess larger yield strengths and larger strain bursts with higher
frequency as well, which may result from more activation and interaction of multiple slips. These
results verified that the above statements (1) and (2) also apply in HEAs.
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2.3.3 Tensile properties.
Compared to hardness and compression tests, tensile tests are sensitive to detect the
embrittlement. For the HEA samples with a dendritic structure and some shrinkage pores, tensile
tests are more suitable to reveal the mechanical properties in the stressed state which is
frequently encountered in practical applications. The study of tensile properties of HEAs is
limited in few alloy systems [39, 43, 79, 106, 107, 110-115]. Tsai et al. are the first to study the
tensile properties of HEAs [79]. The effects of structures and grain sizes on the shapes of stressstrain curves[43, 115], temperature effects on yield strength [79, 110], Al/Sn/Mn/V alloying
effects[43, 107, 111], and fracture [79] are summarized in this part.
[a] Stress-strain curves
The shapes of stress-strain curves are highly affected by the structure of HEAs. Typical
tensile stress-strain curves of AlxCoCrFeMnNi HEAs are shown in Figure 2.15. In the singlephase FCC region (represented by Al0, Al4, Al7, and Al8), alloys behaved like a solid solution
with relatively low strengths but extended ductility. In the mixed structure region (FCC + BCC
phases, represented by Al9, Al10 and Al11), alloys behaved like a composite with a sharp
increase in strength but reduced ductility. In the single-phase BCC region, alloys became
extremely brittle [43]. The shapes of stress-stain curves also are affected by the grain size of
HEAs. The tensile stress-strain curves of CoCrFeMnNi alloys with three different grain sizes
(4.4 µm, 50 µm, and 155 µm) are compared (Figure 2.16). Fine-grained material has higher
strength than coarse-grained materials. Small load drops after yielding were observed in the finegrained material, while the stress–strain curves of the coarse-grained material show neither welldefined yield points nor load drops after yielding [115]. For the fine-grained and coarse-grained
materials, serration behavior happens at the temperature of 673 K.
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e

Figure 2. 14 SEM images of post-compressed [316]-oriented MoNbTaW HEA pillars with
diameters of (a) 2 μm, (b) 1 μm, (c) 500 nm, (d) 250 nm, and (e) corresponding stress-strain
curves [173]
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[b] Yield strength and ductility
By summarizing all published tensile data of HEAs [39, 43, 79, 106, 107, 110-115], it
reveals that the HEAs display both yield strength and ductility at room temperature with a wide
range, shown in Figure 2.17. The tensile yield strengths of AlCoCrCuFeNi and
Al0.5CoCrCuFeNi are superior to Ti-6Al-4V and Inconel 713. The CoCrFeNi has the better
ductility than conventional alloys, such as 304 stainless steels, Ti-6Al-4V, Inconel 713, and 5083
Al. The temperature effect on tensile properties is studied in the Al0.5CoCrCuFeNi[79] and
CoCrFeMnNi [115] systems. As shown in Figure 2.18, the yield strength decreases as the
temperature increases. For the single-phase CoCrFeMnNi [175], the mechanism of temperature
effect on the yield strength is revealed.
The curves in Figure 2.18 can be well fitted in the form:

 y (T )   a exp(

T
) b
C

(2.9)

where a, C, and b is fitting constants.
The Peierls lattice friction, p, is chosen to reveal the deformation mechanisms.
p 

2G
2
exp(
)
1 
b

(2.10)

where G is the shear modulus,  is Poisson’s ratio,  is the dislocation width, and b is the
magnitude of the Burgers vector. The dependence of dislocation width,  on temperature has
been approximated:

  o (1  T )
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(2.11)

where  is a small positive constant and is the dislocation width at 0 K. Combining the above
two equations yields:

p 

2o
2o
2G
exp(
) exp(
T )
1 
b
b

(2.12)

Equating the temperature-dependent part of Eq. (2.9) with that of Eq. (2.12) yields:

 a   p (0) 

2o
2G
exp(
)
1 
b

C

b
2o

(2.13)

(2.14)

Thus, for the single-phase CoCrFeMnNi HEAs, the calculated Peierls stress at 0 K, p (0),
has the best match with the fitted a values when b. For pure Ni, the match is better when
b. These results show that the dislocations in single-phase HEAs are narrower than in
pure FCC metals. In addition, the temperature dependence of the yield strength of single-phase
HEAs may be due to thermally induced changes in dislocation width that, in turn, produce a
temperature dependence of the Peierls stress. The CoCrFeMnNi and CoCrFeNi alloys exhibit a
strong temperature-dependent decrease in strength with increasing temperature from 77 K to
1,273 K, and a relatively weak strain-rate dependence (at 10-3 and 10-1 s-1) [113]. The
AlCoCrCuFeNi alloy was more ductile and strong after hot working than in the as-cast condition
[79, 110]. The strengthening and toughening are mainly due to its small grain size around 1.5 μm.
Very interestingly, the hot-worked AlCoCrCuFeNi alloy showed a superplastic-like behavior in
the temperature range of 1,073 K - 1,273 K. The tensile elongation was above 400% and reached
860% at 1,273 K [110].
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AlxCoCrFeMnNi

Figure 2. 15 Engineering tensile stress-strain curves of the as-cast

Alx(CoCrFeMnNi)100-x

(denoted as Alx, where is the atomic percent of Al) alloys at room temperature [43]
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Figure 2. 16 Representative engineering stress–strain curves of the CoCrFeMnNi alloy at the six
testing temperatures for the (a) fine-grained (grain size of 4.4 m) and (b) coarse-grained (grain
size of 155 m) materials. The inset in (a) shows a small load drop after yielding for a finegrained sample that was tested at 473 K [115]
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Figure 2. 17 Tensile yield strength vs. ductility of most studied HEAs at room temperature,
compared with conventional alloys, e.g., 304 stainless steel, Ti-6Al-4V, Inconel 713, and 5083
Al, using data from Refs. [39, 43, 79, 106, 107, 110-115]
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Figure 2. 18 Tensile yield strength as a function of temperature for three kinds of most studied
HEAs, using data from Refs. [79, 115]
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[c] Tensile fracture
The fracture surfaces of HEAs are routinely used to determine the cause of failure in
engineering structures and develop theoretical models of crack-growth behavior. Compared with
fractures after compression, the fractures after tension own different features [79, 110, 111, 114].
The fracture mode of Al0.5CoCrCuFeNi transfers from the brittle type to ductile type, as the
temperature increases, shown in Figure 2.19. The fracture surfaces of Al0.5CoCrCuFeNi undergo
shear rupture at RT [Figure 2.19(a)], ductile one at 873 K [Figure 2.19(c)], and greater ductility
with larger dimples at 1,073 K [Figure 2.19(d)][79]. At a certain temperature, HEAs exhibit a
mixed type of brittle and ductile fracture. Take AlCoCrCuFeNi for example, the fracture
morphology at 873 K is a mixed mode of brittle and ductile fracture [110]. The brittlee fracture is
reflected by the presence of flat facets with characteristic river-pattern markings inside large
dimples, while the ductile fracture is reflected in numerous dimples of different diameters
surrounding the flat facets [110]. The alloying also affects the fracture mode. For CoCuFeNiSnx,
a ductile fracture for the CoCuFeNiSn0.05 alloy and a cleavage fracture for the CoCuFeNiSn0.2
alloy were observed [111].
[d] Comparison among hardness, compression and tension properties
Since few papers report the mechanical properties of HEAs using both hardness and
tension techniques, we choose one material, Al0.5CoCrCuFeNi [79], fabricated by two methods
and compare both the hardness and tension properties, as shown in Figure 2.20.
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Figure 2. 19 Fracture surfaces of as-rolled Al0.5CoCrCuFeNi samples tensile-tested at different
temperatures: (a) RT, (b) 773 K, (c) 873 K, and (d) 1,073 K [79]
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(a)

(b)

Figure 2. 20 The relationship between hardness and tensile yield strength as a function of
temperature using data from Ref. [79]. (a) Yield strength and hardness; and (b) The ratio of
tensile yield strength over hardness as a function of temperature of annealed and cold-rolled
Al0.5CoCrCuFeNi.
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As described by Tabor [130] originally, dring indentation, the pressure, P, normal to the
surfact of the indenter tip can be calculated as,

P  2k (1   / 2)

(2.15)

Plastic deformation during indentation occurs when the Huber-Mises criterion is satisfied,
which in the two-dimensional case, occurs when the maximum shear stress reaches a critical
value, k,

2k  1.15 y

(2.16)

For a Vickers indenter:

Hv 

Load
 0.927 P
ContactArea

(2.17)

Combining Eqs. (2.15), (2.16), and (2.17) gives,

 y  0.364Hv

(2.18)

 y  3.55Hv

(2.19)

with y and Hv in kg/mm2. Alternatively,

with y in MPa and Hv in kg/mm2.
In Figure 2.20 (b), for both cold-rolled samples and annealed samples, the ratios of
tensile yield strength vs. hardness are lower than the constant, 3.55, predicted by Tabor, no
matter how high the temperature is. However, the constants are very similar in magnitude.
Compressive yield strength is the stress state caused by an applied load that acts to reduce
the length of the material along the axis of the applied load, while the tensile yield strength is the
stress state caused by an applied load that tends to elongate the material along the axis of the
applied load. Compressive strength of HEAs is generally higher than their tensile strength. For
example, the compressive and tensile yield strengths at room temperature are 460 MPa and 360
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MPa of Al0.5CoCrCuFeNi [132], respectively. That is generally because materials loaded in
tension are susceptible to stress concentrations, such as material defects or abrupt changes in
geometry.
2.3.4 Modeling of serration behavior
A simple mean-field theory (MFT) model successfully predicts the slip-avalanche
statistics [120] observed in many recent simulations of plastic deformation [122, 176-184]. This
analytic model has the advantage that as simple as it is and as few ingredients as it has, the model
is able to give exact quantitative predictions of avalanche dynamics [120]. According to the MFT
model [120]:
(1)

A slowly-sheared material undergoes a local slip, when the local stress at a weak spot
exceeds the local threshold stress, or failure stress. A local slip stops and the weak spot
re-sticks, when the local stress is reduced to a lower arrest stress, or sticking stress.

(2)

The stress released by a microscopic slip at one weak spot may trigger other weak spots
to slip as well, and the process may go on and result in a macroscopically-large slip
avalanche.

(3)

The material is sheared-slowly enough to prevent the slip avalanches from overlapping in
time, so that each avalanche has enough time to finish before the next avalanche initiates.

(4)

Each weak spot in the slowly-sheared material interacts with every other weak spot
equally strongly. In other words, the interactions between the weak spots do not decay
with distance.
The MFT model predicts avalanche statistics for two boundary conditions, a slowly-

increasing stress applied to the boundaries, or a small strain rate imposed at the boundaries [120].
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Here we present a brief review of the discrete version of the MFT model for the slowlyincreasing stress boundary condition. This discrete version treats the slowly-sheared material as a
system with N lattice points. Under the applied stress, F, that is below but close to the failure
stress, Fc, the local stress at a lattice point, l, is [120, 185]

 l  J / N  m  um  ul   F

(2.20)

When the local stress, l, exceeds the local threshold stress at the weak spot, l, the spot
slips by ul, and releases a stress of the amount, 2Gul, where G ~ J is the elastic shear modulus.
The stress released by this microscopic slip at one weak spot is equally redistributed to other
weak spots of the material, which may trigger new slips. These new slips further increase the
stress at other weak spots and may cause more slips. The process may continue and lead to a
macroscopically-large slip avalanche. A slip avalanche stops, when the local stress is lower than
the current local threshold stress at each weak spot of the material. The current local threshold
stress may be different from the initial local threshold stress at the beginning of the slip
avalanche due to weakening or strengthening [120].
Next we present some of the main MFT model predictions [120] in the absence of
weakening effects:
a) For a small stress-bin around the failure stress, Fc, the probability distribution, D(s, Fc),
of avalanche sizes, s, obeys a universal power law, D(s, Fc) ~ 1/s, and the model predicts
that the universal exponent of  = 1.5.
b) For small stress-bins around the stress, F, the maximum avalanche size is related to the
stress by smax ~ (Fc – F)1/σ, and the model predicts that the universal cutoff exponent is 
= 0.5.
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c) For the distribution D(s,F) of avalanche sizes s observed in a small stress bin around F,
the model predicts that

D(s, F ) ~ 1/ s D[s  ( Fc  F )1/ ]

(2.21)

where  = 1.5 and  = 0.5, and D(x) ~ Aexp(-Bx) is a universal scaling function. The values of A
and B depend on the material details. When the number of avalanches is small, the stressintegrated form, Dint(s) ~ ∫0FcD(s, F)dF ~ 1/s+ , can be more useful. In addition, using the
complementary cumulative distribution, C(s), instead of the probability density distribution, D(s),
may also improve the statistics for a small number of avalanches. Here C(s) is defined as





S

D( s)ds , i.e., C(s) gives the probability of finding an avalanche larger than s.
d) The model predicts that the local slope, Ge of the stress-strain curve, scales as

Ge ~ 1/  s ~ ( Fc  F )(2 )/ ~ ( Fc  F )

(2.22)

where <s> is the mean avalanche size for a small stress bin around the stress, F.
e) For the loading condition of a small imposed strain rate, , the model predicts that

Smax ~ 

(2.23)

D(s, ) ~1/ s K (s  )

(2.24)

where  = 1.5 and  = 2 according the analytical predictions, and the universal scaling function,
K, is quickly decaying.
Widom-scaling collapses can be used to test these predictions [186]. For example, in




1/

1/

order to test D(s, F ) ~ 1/ s D[s  ( Fc  F ) ] , or equivalently D(s, F )s ~ D[s  ( Fc  F ) ] , one
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plots D(s, F)s on the y axis and s  (Fc – F)1/ as the x axis. Next the values for Fc, , and  are
tuned until the distributions, D(s, F), for different, F, lay on top of each other. Figure 2.21 shows
the Widom-scaling collapse of four C(s) curves with different stresses for Mo nanopillars [123].
The corresponding experimental setup and the stress-strain curves are shown in Figure 2.22
[123].
Recent study indicates that the above MFT model could be applied on the HEAs [126].
Figures 2.21 and 2.22 show the complementary cumulative distribution functions of the stressdrop sizes for three kinds of HEAs at different temperatures and strain rates [126]. It's clear that
the temperature could dramatically affect the stress-drop size. Generally, in a specific
temperature range, the stress-drop size will decrease as the temperature increases, which is true
for the Al0.5CoCrCuFeNi HEA from 7 to 9 K [Figure 2.23(a)], for the MoNbTaW HEA from 298
to 873 K [Figure 2.23(b)], and for the Al5Cr12Fe35Mn28Ni20 HEA from 573 to 673 K (Figure
2.24). This experimental results agree well with the MFT model prediction that the slip
avalanches are expected to become smaller for larger temperatures [122].
In addition, the MFT model [120, 122, 123] could also be related to the deformation
mechanism for HEAs, including the dislocation motion and deformation twinning. At hightemperature ranges, i.e., the cases of MoNbTaW and Al5Cr12Fe35Mn28Ni20 HEAs in above
discussion the thermal vibration energy of pinning solute atoms should be considered at high
temperatures. Since HEAs are regarded as solid solutions, each constituent element can be a
solute atom. As temperature increases, the pinning effect of solutes around dislocations becomes
smaller because solute atoms tend to shake away from their low energy sites for pinning as the
thermal vibration energy increases [116], which will lead to a decrease for the slip size.
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Figure 2. 21 The main figure shows C(s) curves for slips in stress intervals around different
applied stress values, τ. The avalanche events are obtained from compression experiments on
seven 800-nm-diameter Mo nanopillars at a nominal displacement rate of 0.1 nm/s. The
avalanche events are all normalized according to their respective maximum stress. The insert
shows the Widom-scaling collapse of the C(s) curves, and f = (τc - τ)/τc - c′, where the adjustable
parameter, c' = 0.14, compensates for the finite system size. The scaling exponents, κ = 1.5 and σ
= 0.5 agree with MFT predictions. The gray function is the scaling function, g ( x) 
also predicted by the MFT model [123]
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x

e At t  dt ,

Figure 2. 22 (a) SEM image of an Nb pillar at 52'' tilt before compression. (b) SEM image of the
same pillar after compression and the final slip-avalanche event, with the slip data at the largest
strains excluded. (c) Stress-strain curves for different metals compressed at different
displacement rates. Curve 1 corresponds to the Nb pillar in (a) and (b). The criticality slope line
is fit to estimate the slope of curve 4 near the failure stress. (d) The compression test setup [123]
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In contrast, at the cryogenic-temperature range, i.e., the case of the Al0.5CoCrCuFeNi
HEA in the present study, twinning may likely be responsible the deformation process [121],
since higher temperatures make it more difficult for deformation twins to be induced. Therefore,
slip size will be decreased as temperature increases since the twinning process is more restricted.
For different solid solution systems, for instance, twinning process may overwhelm dislocation
process and dominate at the high-temperature range, or the combination of both mechanisms
may exist at the same time. Thus more detailed studies for the temperature effects are needed.
Other possible reasons may also exist, like phase-transformation-induced changes in the
deformation mechanism. In summary, the experimental results of the decreasing trend for the
slip size at higher temperature match well with the trend predicted by the MFT model,
suggesting that the study of serration behavior may improve the understanding of the
deformation process of HEAs or even for new HEA materials [117-119, 124, 125].
2.3.5 Fatigue properties
[a] Stress-life (S-N) Curve
Fatigue behavior of materials is extremely important for industrial and engineering
applications. For the Al0.5CoCrCuFeNi HEA, four-point-bending tests have been conducted at
various applied loads [11]. The maximum stress, σ, on the tensile surface within the span of the
two outer pins can be calculated using:


3P ( S o  Si )
2 BW 2

(2.25)

where P is the applied load, So is the outer span length, Si is the inner span length, B is the
thickness, and W is the height.
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(a)

(b)

Figure 2. 23 (a) Serration events for Al0.5CoCrCuFeNi in compression experiments under a
constant strain rate of 4 × 10-4/s. Serration events in samples compressed at temperatures around
7 K occur in broad ranges of magnitudes, compared to events in samples compressed at 7.5 K
and 9 K. (b) Serration events for MoNbTaW in compression experiments under a constant strain
rate of 1 × 10-3/s. Heating the sample from room temperature to 873 K severely diminishes the
characteristic size of the serrations [126]
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Figure 2. 24 Serration events for Al5Cr12Fe35Mn28Ni20 in tension experiments under a constant
strain rate of 1 × 10-4/s. This alloy was tested in its as-homogenized state; alloys that were coldrolled after homogenization did not exhibit serration behavior. The effect of temperature is
shown here; higher temperatures curb the distribution of serration magnitudes [126]
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The stress range vs. the number of cycles to failure (S-N) curve is plotted in Figure
2.25(a), marked by red and blue points. The points are scattered within stress range of 600 –
1,200 MPa. Even at the largest stress range above 1,100 MPa, the fatigue life still scatters from
35,000 to 450,000 cycles. One possible reason could be the defects introduced during casting and
rolling process, such as aluminum-oxide particles. Figure 2.25(b) shows these particles in the
energy-dispersive X-ray spectroscopy (EDS) analysis, which contain around 50% oxygen. These
defects may serve as nucleation sites for microcracks, and shorten the fatigue life of HEA
samples.
The fatigue tests reach 107 cycles at three stress levels, which indicates that the endurance
limit is roughly estimated to be 540 - 945 MPa. Actually, by combining the characterization of
microstructure and the predictive model, the estimation of endurance limit becomes more
specific.
[b]

Fractography after fatigue tests
Figure 2.26 shows the fractography of fatigued samples at a stress range of 900 MPa after

555,235 cycles [11]. In general, crack initiation occurred from defects at the surface, or the
corner of the sample, where the stress highly concentrates. As indicated in Figure 2.26 (a,b), the
initiation sites locate at the microcracks, and typical fatigue regions (initiation, propagation, and
fracture regions) can be recognized, as marked by red arrows. Within the fatigue-propagation
rigion, characteristic striations can be identified, indicating the crack-growth direction, which is
generally prependicular to the striation direction in Figure 2.26(c). The dimple-like final fracture
surface implies a ductile fracture, as shown in Figure 2.26(d).
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(a)

(b)

Figure 2. 25 (a) S-N curve (all red and blue points) of the Al0.5CoCrCuFeNi HEA in four-pointbending-fatigue tests and (b) SEM images with EDS analyses of the aluminum-oxide particles
[11].
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[c] Weibull mixture predictive model for fatigue life
From the S-N plot in Figure 2.27(a), the data points seem to be not homogeneous and
distribute into two groups. One can be denoted as a strong group, indicating samples with fewer
fabrication defects, and the other is marked as a weak group. Therefore, the Weibull mixture
predictive model is selected to predict the fatigue life instead of the Weibull model. The
probability density function (pdf) and the cumulative distribution function (cdf) of the Weibull
mixture model are given [11]:
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where N is the cycles to failure, subscripts, w and s, denote the weak and strong groups, p is the
fraction of samples belonging to the weak group, and the Weibull parameters,  s and

 w , are

assumed to be dependent on the stress, S, according to

log( w )   w,0   w,1 log(S )

(2.28)

log( s )   s,0   s,1 log(S )

(2.29)

So the model has seven unknown parameters in total, p,  s ,0 ,  s,1 , s ,  w,0 ,  w,1 ,and  w , which can
be estimated by the maximum likelihood method [187]:
m

L( p,  s ,0 ,  s ,1 ,  s ,  w,0 ,  w,1 ,  w )   f ( Ni )i (1  F ( Ni ))1i
i 1

68

(2.30)

Then the observed fatigue data can be clustered into the two groups. Therefore, the p quantile
fatigue lives of the strong group and the weak group are predicted by:

N p,w (S )  exp[ w,0   w,1 log(S )][ log(1  p)]1/ w

(2.31)

N p,s (S )  exp[ s,0   s,1 log(S )][ log(1  p)]1/ s

(2.32)

More details of the model can be found elsewhere [11]. The predicted two groups are described
in Figure 2.25(a) using red and blue lines. The median life of the strong group exceeds 107 cycles
when the applied stress was less than 858 MPa, which can be used as the estimation of the
endurance limit.
[d] Fatigue behavior compared with conventional alloys
The Al0.5CoCrCuFeNi HEA shows promising fatigue resistance, when compared to other
conventional alloys and bulk metallic glasses (BMGs). With respect to the fatigue ratio of the
stress range divided by the ultimate tensile strength (UTS), HEAs span from the lower bound
comparable to IN 625 superalloy, to the higher bound surpassing all the other alloys listed in
Figure 2.27(a). The fluctuation is mainly introduced by the casting defects. Figure 2.27(b) shows
that the endurance limit increases linearly with ultimate tension strength (UTS), with a slope of
being approximately equal to 0.5 for most materials, HEAs exceed this ratio, with a upper bound
of 0.7. All these results indicate that HEAs are promising candidate materials in the structures
requiring the fatigue resistance for future applications.
2.3.6 Nanoindentation
[a] Nanoindentation and modeling
Over past years, nanoindentation was utilized as a powerful tool to determine the
hardness and elastic modulus of HEA coatings, prepared by reactive magnetron sputtering [18869

195] or by the transferred arc cladding process [196], and the hardness or elastic modulus profile
were sucessfully obtained. Recently, the investigation using nanoindentaiton for the bi-phase
(FCC and BCC) bulk AlCrCuFeNi2 alloy was reported [128], and the contact modulus and
hardness were compared for these two phases. Besides the room-temperature indention, the
deformation behavior at elevated temepratueres has also been studied [127], with emphase on the
incipient plasticity, and vacancy-mediated heterogeneous dislocation nucleation is deduced
through modeling [127].
Before the first pop-in in the load-displacement (P-h) curve, the deformation can be
regarded as elastic, and the Hertzian elastic theory [197] could be used to describe the elasticloading curve:

P

4
Er R1/2 h3/2
3

(2.33)

where P is the applied load, R is tip radius of the indenter, h is the penetration depth, and Er is
the reduced modulus of the indenter-sample combination, and can be calculated as:

1 1  vi2 1  vs2


Er
Ei
Es

(2.34)

where vi and Ei are Poisson's ratio and Young's modulus of the indenter, and vs and Es are
Poisson's ratio and Young's modulus of the sample, respectively. Then the mean pressure at popin, Pm, and maximum shear stress, τmax, can be derived from [198]:

6 PEr2 1/3
Pm  ( 3 2 )
 R

(2.35)

 max  0.31Pm

(2.36)
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The cumulative probability, F(P), of the indentaion pop-in load, P, is given by:

ln[ ln(1  F)]   P1/3  

(2.37)

where β is a weak function of the pop-in load, P, and α is correlated to the activation volume, V:

V

 3R 2/3
(
) kT
0.47 4 Er

(2.38)

In addtion, the relationship between the temeprature and pop-in load at a specific F(P) is
[199]:

P1/3   kT 

 3R 2/3 H
(
)
0.47 4 Er
V

(2.39)

where γ is a complex function, and H is the activation enthalpy.
[b] Elevated-temperature Nanoindentation
As discribed in Figure 2.28(a), the typical P-h shows the pop-in behavior at different
temperatures, T. Through Hertzian fitting, Eq. (2.33), the reduced modulus at different T, Er(T),
can be obtained. As the temperature increases, a significant decrease in the pop-in load, P(T), can
be observed. Thus, from Eq. (2.36), the maximum shear stress, τmax(T), is calculated from P(T),
and its relationship with temeprature is plotted in Figure 2.28(b). It's obvious that τmax(T) and T
are linearly correlated. To obtain the activation volume, V, and activation enthalpy, H, two more
fitting steps are needed. Using Eq. (2.37), the parameter, α, can be acquired by fitting the slope
of ln[-ln(1-F)] vs. P1/3, as shown in Figure 2.28(c). Then by combining with Eq. (2.38), V is
readily derived. By fitting P1/3 vs. T using Eq. (2.39), as plotted in Figure 2.28(d), the intercept
value determines H/V, and, thus, H is obtained. The posibilities of the homogeneous dislocation
nucleation and vacancy-mediated heterogeneous dislocation nucleation were then discussed
[127], but only the values from the latter falls into the range of experimental values.
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d

c

Figure 2. 26 (a) SEM images of fracture surfaces of a fatigued sample at a stress range of 900
MPa after 555,235 cycles, (b) Microcracks found at the surface before the fatigue test, (c)
Fatigue striations in the crack-propagation region, and (d) Dimples in the final fracture region
[11]
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a
a

b
a

Figure 2. 27 Fatigue behavior including (a) Fatigue ratio [stress range/ultimate tensile strength (UTS)] vs.
cycles to failure and (b) Endurance limits vs. UTS, comparing Al0.5CoCrCuFeNi HEA, other conventional
alloys, and BMGs [11]
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a

b

c

d

Figure 2. 28 (a) Typical P-h curves of CoCrFeMnNi at temperatures of 295, 323, 373 and 423 K,
(b) Maximum shear stress versus temperature, (c) Extracting the activation volume from the
experimental data, and (d) Extracting the activation enthalpy for the pop-in [127]
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Conventional creep tests have not been reported in the area of HEAs. Only two paper
using indentation tests to study the creep behavior of HEAs have been reported [22, 23]. The
indentation-creep has been defined as a time-dependent motion of a hard indenter into a solid
under a constant load for a long time, i.e., an elongated hard test. The indentation-creep
experiments were done for AlxCoCrFeNi (x = 0.3, 0.5, 0.7, 0.9, and 1.5) in the temperature
range of 773 – 1,173 K using a load 1 kgf for dwell times of 5, 10, and 30s [22]. The creep
behavior is strongly dependent on the crystal structure of HEAs. For the single-phase FCC
Al0.3CoCrFeNi alloy, hot hardness resist without large changes for all experimental temperatures
in the time range of 30s. Hence, no obvious creep occurs in single-phase FCC HEAs, even at
high temperatures, which suggests that the main deformation mechanism is slip. The situation is
different for multi-phase AlxCoCrFeNi (x = 0.5, 0.7, 0.9, and 1.5) HEA. The variations of hot
hardness as a function of dwell time are negligible below 873 K, while the hot hardness
decreases with increasing the dwell time above 873 K. It confirms that the creep happens for
multi-phase HEAs above a certain temperature (e.g., 873 K for AlxCoCrFeNi, x = 0.5, 0.7, 0.9,
and 1.5).
Nanoindentation is also used to characterize the initial transient creep stage during in
FeCoNi by Wang et al. [23] by the visco-elastic fitting theory. The FeCoNi is a single-phase
FCC HEA [35]. The displacement curve for the initial creep stage can be described by empirical
law [200]:

h(t )  hi   (t  ti )m  kt

(2.40)

where , m, and k are fitting parameters. The fitting protocol in Eq. (2.40) is found to produce
very good fits for FeCoNi HEA at a constant load of 4,000 µN, shown in Figure 2.29. Unlike
conventional alloys, a crossover point where the slope changes in the initial creep stage are found
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in FeCoNi HEA (Figure 2.29). Further study shows that the value of crossover point increases
with increasing holding time at the same constant load [Figure 2.30(a)] and with the increase of
the holding stress at constant holding time [Figure 2.30(b)].
A hypothesis is proposed for the crossover point in the initial creep stage from the
viewpoint of the dislocation migration beneath the indenter [23]. The formation of the
dislocation cells corresponds with the crossover behavior. Before the crossover point, the
separated dislocation entanglement leads to the work hardening effect. After the crossover point,
the work hardening effect is saturated and the residual dislocations migrate into the domain
boundary of the dislocation cell, which determines the viscous behavior [23]. In summary, this
section reviews the mechanical properties of high-entropy alloys (HEAs) in the field of hardness,
compression, tension, serration behavior, fatigue, and nanoindentation. It shows that the hardness
of HEAs varies widely from 140 to 900 HV, highly depending on the alloy systems and related
processing methods. The effects of alloying, annealing treatment, and structure on the hardness
are discussed, respectively. The trend of hot hardness is also summarized. Various loading
conditions, such as temperatures, Al contents, strain rates, sample sizes, andmicrocompression
are related with microstructural evolution during compression deformation. The effects of
structure, grain sizes, alloying elements, and processing parameters on the tensile yield strength,
ductility, shape of tensile stress-strain curves, and fracture after tension tests are discussed. A
mean-field theory (MFT) model successfully predicting the slip-avalanche and serration statistics
observed in recent simulations of plastic deformation of HEAs is presented. Fatigue study with
four-point-bending fatigue tests conducted on the Al0.5CoCrCuFeNi HEA is revealed to
demonstrate that fatigue properties of HEAs are generally better, compared with conventional
alloys. Nanoindentation studies on the incipient plasticity and creep behavior are discussed.
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Figure 2. 29 Crossover behavior in the displacement-time curve in the initial creep stage [23]
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(a)

Figure 2. 30 Hardening effect in the initial creep. (a) the holding-time-dependent yielding point;
(b) the holding-load-dependent yielding point [23]
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2.4 Deformation science in HEAs
Elastic behavior of HEAs shows a higher degree of variability between material classes,
associated with the nature of atomic bonding [201]. Elastic properties of single-crystal and poly-crystal
HEAs are reviewed and summarized, which is essential to search for the next generation biomaterials
[202-204].
2.4.1 Elastic behavior of HEAs
[a] Lattice strain evolution of HEAs
Tension tests, associated with neutron diffraction, are effective techniques for revealing
the elastic behavior of HEAs. To reveal the elastic deformation mechanism of HEAs, the lattice
structural evolution of CoCrFeMnNi is investigated by in-situ tensile deformation with neutron
diffraction [36]. The lattice strain during loading can be calculated from the shift of a diffraction
peak position as,

 hkl 

d hkl  d hkl ,0
d hkl ,0

(2.41)

where dhkl is the d-spacing determined from the hkl reflection for a given load, and dhkl,0 refers to
the value for zero load. The lattice-strain revolution during deformation of CoCrFeMnNi is
shown in Figure 2.31. Strong elastic anisotropy exists, i.e., the lattice-strain change is strongly
dependent on the grain orientations. Among them, the {200} grains have the largest elastic strain
along the loading direction. Elastic moduli and constants of different planes are determined to be
E111 = 222.6 GPa, E100 = 112.2 GPa, C11 = 172.1 GPa, C12 = 107.5 GPa, and C44 = 92.0 GPa.
These elastic trend and contants show that the elastic anisotropy behavior of the CoCrFeMnNi is
close to that of its FCC component, pure Ni [36, 205].
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Figure 2. 31 Lattice-strain evolution of CoCrFeMnNi as a function of applied stress [36]
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[b] Elastic moduli
Single-crystal elastic constants (C11, C12, and C44) and polycrystalline elastic moduli
[bulk modulus (B), shear modulus (G), and Young’s modulus (E)] for HEAs as a function of
temperature have been investigated by experimental techniques [36, 206-208], coupled with
first-principle calculations [209, 210].
Room-temperature single-crystal elastic constants, C11, C12, and C44, of the CoCrFeMnNi
alloy have been determined, using the modified Kroner model [211], and experimentally
measured Poisson's ratios,  hkl , and shear moduli, Ehkl , by in-situ tensile deformation with
neutron diffraction [36]. Single-crystal elastic constants describe the relationship between hklspecific elastic lattice strains measured using neutron diffraction and applied macroscopic
stresses for a polycrystalline HEA material. The HEA material is loaded uniaxially in the elastic
regime, and each hkl-specific lattice strain in response to the applied macroscopic stress in the
loading and transverse directions is measured simultaneously using neutron diffraction. Then

1/ Ehkl and  hkl / Ehkl are fitted using the Kroner model [211] by setting Cij as free parameters
from the following equations (2.42) and (2.43). Finally, single-crystal elastic constants, Cij, are
determined by minimizing the value of a cost function [Eq. (2.44)] [211].

 2   i 1 ((
n


1
1

  hkl
9 K 6Ghkl
Ehkl

(2.42)
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where K is the bulk modulus, which is equal to (C11+2C12)/3; Ehkl, υhkl, and Ghkl are
Young's moduli, Poisson's ratios, and shear moduli in the hkl direction, respectively; n is the
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number of (hkl) diffraction planes used to fit the models; Ehkl
and Ehkl
are determined
(
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from neutron diffraction; e1 and e2 are the corresponding experimental errors; and Ehkl
and
(

(

 hkl
Ehkl
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are calculated using the Kroner model [211]. The temperature dependencies of G and

E have been measured by the ultrasonic resonant frequency technique in the range from 55 K to
1,000 K, which exhibites the following expressions of G and E (in GPa) as a function of absolute
temperature, T (in K) [206-208],
G  85  16 / (e448/T  1)

(2.45)

E  214  35 / (e416/T  1)

(2.46)

Single-crystal elastic constants and polycrystlline elastic moduli are also computed via ab initio
first-principle calculation, based on the exact muffin-tin orbitals (EMTO) method in combination
with the coherent potentials approximation (CPA), which is also listed in the Table 2.3 [209,
210]. In summary, single-crystal elastic constants and polycrystalline elastic moduli for HEAs
can been investigated by both experimental (in-situ neutron diffraction and ultrasonic-resonantfrequency techniques) and computational (first-principle calculations) efforts, which clarify the
deformation science in the elastic region. The related values of C11, C12, and C44 at room
temperature of the reported HEAs, compared with other conventional alloys, are listed in Table
2.3. HEAs have similar anisotropic behavior as iron [201].
[c] Yield strength as a function of temperature
Above all, the mechanical properties of HEAs and related crystalline structures are summarized,
using data from Refs. [9, 19, 46, 69, 79, 113, 115] and are schematically shown in Figure 2.32. For the
Type-1 HEAs, the CoCrFeMnNi is the representative FCC solid solution, which is suitable for
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studying the deformation mechanism of single FCC HEAs. The yeild stress of Type-1 is
relatively low, compared to Types 2 and 3. When the amount of the larger-radius-element is
introduced into 3d-transition metals, Type-2 HEAs have higher yield strengths than Type-1,
which is the result of solid-solution strenghthening mechanisms [113], dislocation strengthening
[115], twinning strengthening [14, 115, 134, 212-214], precipitation strengthening [215] , and
other related effects. However, at high temperatures above 1,073 K, the yeild stress decreases
greatly. For Type 3, the yeild stresses of refractory HEAs decrease relatively slow when the
temperature is above 1,273 K. This phenomenon shows that refractory HEAs (Type 3) have great
potential for high-temperature applications, e.g., nuclear reactors. When a larger-atomic-radius
element is introduced into refractory metals, the yiedling stress of Al0.4Hf0.6NbTaTiZr [Type 2
(BCC)] [46] at room temperature is very high. But the yield strengths decrease much more than
refractory HEAs (Type 3), as the temperature increases.
The comparison between HEAs and conventional alloys are also shown in Figure 2.32.
The yield strengths of Type-1 HEAs are comparable to those of conventional alloys, Haynes 230
(Ni-Cr-W-Mo superalloy) [216], Hastelloy X alloy (Ni-Cr-Fe-Mo superalloy), Iconel alloy 600
(Ni-Cr-Fe superalloy), and Type 304 stainless steel [217]. When the temperature is below 800 K,
Types 2 and 3 HEAs have superior yield strengths, compared to conventional alloys. When the
temperature is beyond 1,000K, yield strength of Type-3 HEAs are generally 5 times greater than
those of conventional alloys.
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Table 2. 3 Single-crystal elastic constants and polycrystlline elastic moduli of HEAs at room
temperature, compared with pure metals
Compositions

C11, GPa

C12, GPa

C44, GPa

B, GPa

G, GPa

E, GPa

References

CoCrFeMnNi

172.1

107.5

92

-

-

-

[36]

CoCrFeMnNi

-

-

-

143

80

202

[206]

CoCrFeMnNi

245.1

148.9

191.5

186.2

110.7

275.9

[209]

CrFeNi

240.0

172.5

170.0

195.0

90.27

234.6

[209]

CoFeNi

222.5

129.4

180.2

160.8

105.1

258.9

[209]

CoCrFeNi

271.0

175.0

189.3

207.0

109.9

280.0

[209]

Al0.3CoCrFeNi

246

171

177

196

96

248

[218]

Al0.5CoCrFeNi

233

169

171

190

89

231

[218]

AlCoCrFeNi (FCC)

214

167

158

183

76

201

[218]

AlCoCrFeNi (BCC)

214

160

152

178

78

204

[218]

Al1.3CoCrFeNi

208

151

150

170

78

203

[218]

Al1.5CoCrFeNi

205

148

149

167

78

202

[218]

Al2CoCrFeNi

197

140

147

159

77

199

[218]

CoCrFeNiTi

184.5

170.9

127

-

-

130.3

[209]

NbTiVZr

166.4

94.7

53.8

118.6

45.7

121.1

[219]

MoNbTiZr

209.9

209.9

52.6

137.3

53.33

141.7

[219]

MoNbTiV0.25Zr

211.0

100.6

52.1

137.4

53.31

141.6

[219]

MoNbTiV0.5Zr

212.2

100.3

51.6

137.6

53.3

141.7

[219]

MoNbTiV0.75Zr

213.2

100.3

51.2

138

53.25

141.5

[219]

MoNbTiVZr

213.7

100.7

50.9

138.5

53.17

141.1

[219]

MoNbTiV1.25Zr

218

101.9

50

140.6

53.09

141.4

[219]

MoNbTiV1.5Zr

219.3

102.2

49.8

141.2

53.1

141.6

[219]

Mo0.8NbTiVZr

199

98.7

52.8

132.2

51.71

137.2

[219]

Mo0.8NbTiV0.2Zr

200.8

99.0

52.5

132.9

51.82

137.6

[219]

Mo0.9NbTiZr

204.3

99.5

52.6

134.4

52.56

139.5

[219]

Mo0.8NbTiV0.5Zr

203.7

100

51.9

134.6

51.88

137.9

[219]

Aluminum

108.2

61.3

28.5

63.5

27.5

72.4

[201]

Copper

168.4

121.4

75.4

107.84

41.4

110

[201]

Iron

237.0

141.0

116.0

196.1

75.8

200

[201]

Tungsten

501.0

198.0

151.4

289.9

157

400

[201]
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Figure 2. 32 The yield strength as a function of temperature of three typical types of HEAs,
compared with conventional alloys, Haynes 230, Hastelloy X, Inconel Alloy 600, and Type 304
stainless steel, using data from references [9, 19, 46, 69, 79, 113, 115, 216, 217]
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2.4.2 Plastic behavior of HEAs
The tensile true stress-strain curve of three representative HEAs at room temperature is
shown in Figure 2.33. From Figure 2.33a, we can learn that a Type-1 HEA (e.g., CoCrFeMnNi)
shows low yield strength (around 200 MPa), large ductility (around 40%), and significant work
hardening. Thus, the Type-1 HEA owns typical deformation characteristics of normal FCC
metals. Numerous macro slip bands in different orientations are formed during deformation,
resulting in the extensive ductility [36]. The plastic behavior (e.g., yield strength, ductility, and
work-hardening exponent) of Type-2 HEAs depends on the structure of HEAs (Figure 2.33b).
Take AlxCoCrFeMnNi (x stands for the atomic percent of Al, while other elements are in
equimolar ratio) for example. In the single-phase FCC region, represented by Al0, Al4, Al7, and
Al8, HEAs behave like the Type-1 FCC solid-solution HEAs. In the mixed FCC + BCC region,
represented by Al9, Al10, and Al11, HEAs behave like a composite with a sharp increase in
yield strength but reduced ductility. In the single-phase BCC region, HEAs became extremely
brittle with high yield strength but limited ductility [43].
Type-3 HEA, exhibited the excellent structural stability and combination of both high
tensile strength and large plasticity. Take HfNbTiZr [220] for example. The facture strength of
969 MPa with a plasticity strain of 14.9 % is achieved, using tensile tests. But the workhardening exponent is lower than Type-1 HEAs. The outstanding tensile plasticity and workhardening effect can be attributed to the movement and multiplication of dislocations, which
were confirmed in TEM investigations [220]. It can be clearly seen that so many tangled
dislocations appeared after tensile tests. Additionally, there is no secondary phase formed during
severe deformation [220]. Therefore, the dislocation motion and multiplication are considered as
the main deformation mechanism of the Type-3 HEAs.
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(a)

Type 1 CoCrFeMnNi

(c)

(b)

Type 2 AlxCoCrFeMnNi

Type 3 HfNbTiZr

Figure 2. 33 Typical tensile stress-strain curves of HEAs [36, 43, 220]. (a) Type 1, (b) Type 2, and (c)
Type 3. Type 1 has lower yield strength, higher stain-hardening exponent, and larger ductility than
Types 2 and 3. For Type 2, with the additions of larger-radius-elements, the yield strength is enhanced
with the decrease of ductility. For Type 3, the yield strength is high but the strain-hardening exponent is
comparably low
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2.4.3 Substitutional solid-solution strengthening
The substitutional solid-solution strengthening is the main strengthening mechanism of
single-phase HEAs [221, 222]. The substitutional solid-solution strengthening occurs, when the
solute atom is large enough to replace solvent atoms in their lattice positions. Examples of
substitutional solid solutions include the Cu-Ni and the Ag-Au FCC binary systems, and the MoW BCC binary system. The solid-solution hardening is a result of an interaction between the
mobile dislocations and the solute atoms. The most relevant mechanisms for substitutional
alloying are the elastic interactions due to (1) the size misfit, where the size of the solute atom
differs from that of the matrix atoms and creates a strain field around the atom, and (2) the
modulus misfit, where the difference in the binding force between the solute atoms and the
matrix atoms results in a hard or soft ‘‘spot’’ in the matrix. Solid-solution strengthening
increases the yield strength of the material by increasing the stress, τ, to move dislocations [223]:
3

  Gb 2 c

(2.47)

where c is the concentration of the solute atoms, G is the shear modulus, b is the magnitude of
the Burger's vector, and is the lattice strain due to the solute-size and modulus misfits.
The solute atoms in single-phase HEAs, including Co, Cr, Cu, Fe, Mn, and Ni, have a
considerable effect on the strength when supersaturated solid solutions are produced, i.e., HEAs,
under certain processing conditions. An explanation may lie in a synergy or clustering effect.
The idea behind this trend is that solute atoms (Fe, Cu, and others) cluster together with the Mn
atoms and create harder spots in the alloy than the discrete solute atoms do. Nonrandom
distributions of solutes in alloys are mentioned by Haasen [223] but very little attention has been
paid to this phenomenon in HEAs. Besides the synergy or clustering effect, Mn, is added to
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aluminum to control the recovery and recrystallization, and thus the final grain size and texture
in the annealed sheet. Together with other elements of low solubility (iron) in aluminum, Mn
creates coarse constituent particles and small dispersoids that serve as nucleation sites for
recrystallization and obstacles against the grain-boundary migration, respectively.
Besides the low-temperature deformation characteristics, CoCrFeMnNi exhibits an
unusual solid-solution-hardening phenomenon, compared to pure FCC metals. The alloys having
the composition of CoCrFeMnNi exhibit a strong temperature-dependent decrease in strength
with increasing temperature from 77 K to 1,273 K, and a relatively-weak strain-rate dependence
(at 10-3 and 10-1 s-1). The temperature dependence of yield strength is the strongest at low and
high temperatures with a smaller slope in between. The solid-solution hardening phenomenon,
i.e., the temperature-dependence trend of the tensile yield strength, is not usually observed in
pure FCC metals. However, it is known to occur in binary solid-solution alloys [113]. Barriers to
dislocation motions are believed to be weak in pure FCC metals and can easily be overcome by
thermal fluctuations even at cryogenic temperatures, which cannot explain why the temperature
dependence of yield strength is strong at low temperatures for CoCrFeMnNi. However,
compared to binary alloys, the thermal regions in CoCrFeMnNi significantly extend to higher
temperatures, implying the presence of relatively-strong obstacles in HEAs. This difference may
be due to the shorter distance between atoms of different kinds in multi-element equiatomic
alloys, compared to more dilute solid solutions [224]. Further investigations are needed to
understand the nature of these obstacles and how they might be different between binary alloys
and HEAs [113].
In summary, the substitutional solid-solution strengthening is the main strengthening
mechanism of the pure FCC solid-solution HEAs. The increase of hardness values is a result of
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impeding the dislocation motion by local stress fields, which is introduced by both the latticedistortion and modulus effects. The solute atoms in HEAs result in a synergy or clustering effect
as well as promoting recrystallization to increase the strength of single-phase HEAs.
2.4.4 Dislocation configurations of HEAs
In order to study whether the deformation mechanism of HEAs is similar to normal FCC
metals, TEM experiments have been conducted after the interrupted tensile tests at a given strain.
Take the CoCrFeMnNi single-phase HEA as an example [115]. The TEM results reveal that the
initial plasticity, up to the tensile strain of about 2 %, occurs exclusively by the planar glide of
(110) dislocations on <111> planes (Figure 2.34). Planar slip could be the result of the first
dislocation to move on a slip plane. At higher strains, at room temperature and above, slip
became more homogeneous and cell structures developed [115]. This dislocation motion is
similar to normal FCC metals. Stacking faults are observed to be consistent with splitting of
these dislocations into Shockley partials [discussed in Section 5.3(b)]. Stacking-fault-coupled
partial dislocations could be another reason for planar slip by making cross slip harder. The <110>
dislocation dissociation distance is measured by the high-order imaging with the diffraction
contrast scanning-transmission electron microscopy (DC-STEM) of the CoCrFeMnNi HEA,
coupled with the embedded-atom-method (EAM) calculations of CrFeNi [225]. The large
variability of dissociation distances indicates the dislocation dissociation is not a fixed value
[225]. More accurate investigation is needed in the future. For Type-3 HEAs, atomistic
simulations of a/2 <111> dislocations have been demonstrated by molecular statics and
molecular-dynamics simulations in a randomly-distributed model-BCC Co0.67Fe1.46Ni0.67Ti1.2
alloy [226]. The wavy configuration of the gliding dislocation indicates that local composition
and core structure create kink pinning [226].
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Figure 2. 34 Representative TEM micrographs from the gauge sections of interrupted tensile test
specimens of the coarse-grained CoCrFeMnNi alloy after relatively-small tensile strains: (a) 1.7%
at 873 K, (b) 2.4% at 77 K, and (c) 2.1% at 293 K. Planar slip of ½ {110}-type dislocations on
{111}-type FCC planes is a dominant feature at all three investigated temperatures [115]
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2.4.5 Mechanical deformation twins
This section will review the unusual plastic deformation mechanisms, mechanical twins
[14, 115, 134, 212-214], encountered in the family of HEAs. Extensive mechanical twinning
takes place in FCC HEAs, e.g. Al0.1CoCrFeNi after both quasi-static (10−3 s−1) and dynamic
plastic deformations (2,600 s−1) at room temperature [227], Al0.1CoCrFeNi (grain sizes of 115
and 8 m) after tensile fracture [228], Al0.5CoCrCuFeNi after receiving 5% reduction in cold
rolling [134], Al0.5CoCrCuFeNi after a fatigue-induced failure with a lifetime of 2,069,447
cycles at a stress amplitude of 540 MPa [40], CoCrFeMnNi (grain size of 4.4 m) after a 20 %
tensile strain at 77 K [115], CoCrFeMnNi (grain size of 155 m) after a 38 % tensile strain at 77
K [115], CoCrFeMnNi (grain size of 200 m) after a 15 % reduction in cold rolling at 77 K
[229], CoCrFeMnNi (grain size of 6 m) after fracture toughness measurement at 77 K [14],
CoCrFeMnNi after a 2,400 % shear strain of severe plastic deformation [213], and a 40 %
reduction in cold rolling [229] at RT, CoCrFeMnNi-0.5C after a 6.5 % strain at 77 K, and a 40 %
strain at RT [230], and Fe40Mn40Co10Cr10 after a 10 % strain at RT [231]; also in BCC HEAs,
e.g. ,TaNbHfZrTi after 50 % compressive strain at RT [9]; and in HCP phase regions, such as
Fe50Mn30Co10Cr10 after a 30 % tensile strain at RT [232]. The reported HEAs with mechanical
twins, together with related deformation parameters, structures, and characterization techniques,
are summarized in Table 2.4. By comparing the HEAs with and without mechanical twins, we
conclude that mechanical twins in the family of HEAs prefer to occur as a complementary
deformation mechanism, at the following four correlated conditions: (1) large deformation strain;
(2) high strain rate; (3) low temperature, and (4) large grain size [228]. With a decrease in the
grain size, twin spacing increases, while twin thickness decreases, which indicates a low
twinning activity [228].
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[a] The characteristics of mechanical twins
The resulting morphology of mechanical twins is platelets with thickness from few tens
of nanometer to micrometer [14, 115, 134, 213]. In crystallographic aspect [214], the nucleation
of mechanical twins is the results of the collaborative glide of the intrinsic a/6 <112> Shockley
partial dislocation on successive parallel {111} planes, which is defined as the twinning habit
plane, in FCC HEAs. In other words, twinning takes place by shear of atoms on {111} planes
along the a/6 <112> direction. The crystallographic structure of faulted twin boundaries is
characterized by a 3 orientation difference compared to the matrix. An example of parallel
mechanical nanotwins in Al0.5CoCrCuFeNi, by TEM, is shown in Figure 2.35a [134]. The intertwin spacing in Al0.5CoCrCuFeNi is about four times the twin width (~ 10 nm ) [134]. All
mechanical twins found in HEAs have the same typical twin plane, {111}, and twinning
direction, <112>, as traditional FCC metals [134]. Based on our limited knowledge, the
characteristic of mechanical twins in BCC and HCP HEAs are seldom reported. The
characteristics of mechanical twins in FCC HEAs are the same to those in low-stacking fault
energy (SFE) materials, such as Cu alloys [233] and stainless steels [234].
[b] Conditions for mechanical twins
Compared to dislocation slip, mechanical twinning can be considered as another
competing deformation process. The nucleation of mechanical twinning is assisted by stress
concentrations to overcome the critical resolved shear stress for twinning, τCRSS-twin, according to
Venables’ theory [233].

 CRSS twin 

b
b1 (nb  b1 )
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(2.48)

where  is SFE, b is the Burgers vector of the unit dislocation, b1 is the Burgers vector of the
Shockely partial dislocation, and n is the stress concentration factor, which explains why in some
areas of the same crystal twins were observed, while in other areas, regions of high dislocation
density were found. n = 1 means no stress concentration, while n ≥ 3 represents static tension.
A low SFE,  , is a necessary condition for the activation of mechanical twinning [235].
The SFE of HEAs can be measured by both X-ray diffraction line profile analysis and calculated
elastic constants (described in the section 2.1). Based on experimental XRD results and
calculated elastic constants, using either density functional theory (DFT), Zaddach et at
investigated the SFE of NiFe, NiFeCr, NiFeCrCo, and NiFeCrCoMn HEAs by the following
equation [234, 236],



K1110G(111)a0 A0.37

 3



2


(2.49)

where K111ω0 is considered as a constant, 6.6, for all FCC HEAs; G(111) is the shear modulus in
the (111) plane, (1/3)(C44 + C11 - C12); a0 is the lattice parameter; A is the Zener elastic
anisotropy, 2C44/(C−C12); ε2 is the mean-square microstrain [236]; and α in the stacking fault
probability, which is obtained by the separation difference between (111) and (200) peak
positions for both annealed and cold-worked specimens [236]. They concluded that the stacking
fault energy would decrease with the number of components increasing from Ni to CoCrFeMnNi
alloy [234] .
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Table 2. 4 The reported HEAs containing mechanical twins after deformation, together with
related deformation parameters, structures, and characterization techniques.
Composition

Grain Size

T
(K)



ε
(%)
50



Processing

Structures

Characterization
techniques

Refs.

Compression

FCC

EBSD, TEM

[227]

Al0.1CoCrFeNi

millimeters

298

(s-1)
10-3

Al0.1CoCrFeNi

millimeters

298

2,600

40

Compression

FCC

EBSD, TEM

[227]

115 m

298

10-3

45

Tension

FCC

EBSD, TEM

[228]

8 m

298

10-3

35

Tension

FCC

EBSD, TEM

[232]

millimeters

298

-

452

FCC

TEM

[237]

~ 10 m

298

-

5

High
Pressure
Torsion
(HPT)
Cold Rolling

FCC

TEM

[134]

~ 20 m

298

-

-

Fatigue

FCC

TEM

[40]

~ 20 m
4.4 m
155 m
200 m

898
77
77
77

2×10-4
10-3
10-3
-

50
20.2
37.8
15

Compression
Tension
Tension
Cold Rolling

FCC + L12
FCC
FCC
FCC

TEM
TEM
TEM
EBSD, TEM

[238]
[115]
[115]
[229]

6 m

77

-

-

FCC

EBSD

[14]

millimeters
200 m
115 m
115 m
108 m
100 – 200
m
FCC (45
m) +
HCP (10
m*)

298
293
77
298
298
298

10-3
10-3
10-3
10-3

2,400
40
6.5
40
~ 10
50

Fracture
Toughness
Test
HPT
Cold Rolling
Tension
Tension
Tension
Compression

FCC
FCC
FCC
FCC
FCC
BCC

TEM
EBSD, TEM
EBSD
EBSD
EBSD, TEM
SEM

[213]
[229]
[230]
[230]
[231]
[9]

298

10-3

30

Tension

28 %
HCP** +
72 % FCC

EBSD, ECCI

[232]

Al0.5CoCrCuFeNi

CoCrFeMnNi

CoCrFeMnNi0.5C
Fe40Mn40Co10Cr10
TaNbHfZrTi
Fe50Mn30Co10Cr10

* Laminate layers’ thickness
** Mechanical twins taking place in the HCP region
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Table 2. 5 Stacking-fault energy of reported HEAs, compared with conventional alloys
Materials

Reference

Ni
Co
CoNi
CoFeNi
CoCrFeNi
CoCrFeMnNi
NiFe
NiFeCr
NiFeCrCo
CoCrFeMnNi
CoCr0.7FeMnNi1.3
CoCr0.85FeMnNi1.15
CoCr1.3FeMnNi0.7
Co1.075Cr1.075Fe1.075Mn1.075Ni0.7
SS304
AISI 305
CoCrNi
CoCrFeNi (FCC)
CoCrFeNi (HCP)
Co

Stacking-fault
Energy Techniques
(mJ / m2)
108
X-ray diffraction
(XRD)
15
40.8
31.3
25.3
6.2
100
XRD + ab initio
calculations of elastic
60
moduli
28
20 - 25
57.7
19.7
3.5
7.7
18
34
- 18, - 49, - 77*
first-principles method
with the special quasi- 117, - 82, - 180
random structure
- 8, 43, 142
(SQS) technique
- 198

Cu
Cu-1.1 % Al
Cu-2.2 % Al
Cu-8.19 % Al
Cu
Bronze (Cu-10% Zn)
Brass (Cu-30 % Zn)

70
50
35
2.5
78
35
14

Transmission-electron
microscopy (TEM)

[233]

Stacking-fault
tetrahedral

[240]

[28]

[234]

[239]

stability method

Al
160 - 230
TEM
Mg (HCP)
42
Mg
125
* SFE changes in terms of the valence-electron count (VEC) and d-electron density

96

[241]

(b)

(a)

(c)

Figure 2. 35 Mechanical nanotwins. (a) TEM dark-field image [134] of the Al0.5CoCrCuFeNi
alloy after receiving a 5 % reduction in cold rolling showing a set of parallel nanotwins with a
typical twin plane, {111}, and twin direction, <112>; (b) Selected-area-diffraction patterns [134]
with the FCC [0 1 1] zone axis showing the twin pattern; (c) Low stacking fault energy (SFE) of
HEAs, compared with other conventional alloys, which is a necessary condition for the
activation of mechanical twins, using data from References [28, 233, 234, 239, 240]
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The SFEs of Type 1 HEA alloys, compared with other conventional alloys, are listed in
Table 2.5. The SFE of reported HEAs is found to lie between 3.5 and 30 mJ/m2, which is similar
to low-SFE alloys (Figure 2.35c), such as, Cu alloys [233] and austenitic stainless steels [234].
The SFE of other HEAs are seldom reported. Recently, Zhang et al reported negative SFEs for
CoCrFeNi and CoFeNi HEAs, which originate from the energetic preference of HCP stacking
and metastability of FCC structures at low temperatures, using the first-principles method with
the special quasi-random structure (SQS) technique [239]. Low SFE could explain the
development of a brass-type texture instead of copper-type texture after a 90 % cold rolling for
CoCrFeMnNi HEA [242] and exceptional mechanical properties of HEAs at cryogenic
temperatures [115, 239]. Stalking fault configurations of CoCrFeMnNi have been observed and
simulated by advanced STEM and EAM modeling successfully [225].
2.4 Future work
Although extensive work has been done in exploring the mechanical behavior of HEAs,
we should continue to describe and explore mechanical behaviors in depth.
1)

The effects of heat treatment and processing on mechanical behavior have to be

optimized to develop HEAs with desirable microstructures and mechanical properties. More
work should be focused on the high-temperature mechanical properties, such as hot hardness, hot
compression, and hot tension tests. Compared to hardness and compression experiments, limited
work on the tensile properties of HEAs has been performed. We should do tensile tests at room
and high temperatures with different strain rates, which will lead a guide to the broader
application of HEAs. Fatigue experiments should be conducted in more alloy systems. Besides
high-cycle fatigue and fatigue-crack-growth, low-cycle-fatigue at different temperatures should
be included to fully describe the fatigue performance of HEAs.
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2)

Theoretical work relating microstructural features to mechanical properties needs to be

explored. Serration behavior of HEAs should be intensively studied and understood, which sheds
light on deformation mechanisms. The investigations of tension and compression behavior have
to be conducted to understand the anisotropic behavior of HEAs. Moreover, the serration
characteristics of the tension and compression behavior have to be explored to fully comprehend
the deformation mechanisms. It would be great to see if there are effects of creep and fatigue
damage on serration features with a hope of predicting creep and fatigue life through modeling
serration characteristics.
3)

Advanced characterization techniques, such as in-situ neutron and synchrotron diffraction,

SEM, transmission-electron microscopy (TEM), atomic-probe microscopy (APT), and so on, and
modeling, such as, embedded-atomic-method (EAM) [225], molecular dynamic calculations
[226], are needed to reveal the deformation mechanisms of HEAs at the level of atomic
structures, dislocations, and twinning.
2.5 Conclusions
The above literature review has presented a clear overview of the local microstructures,
mechanical properties, and related deformation mechanisms of HEAs, in the following aspects.
(1)

Based on mechanical responses, the HEAs are successfully classified into four types for the

first time, i.e., HEA alloy systems of 3d-transition metals only (Type 1), HEA-alloy systems of
transition metals with larger atomic-radius elements, such as Al / Ti / V / Mo (Type 2), HEA alloy
systems of refractory metals (Type 3), and others (Type 4).
(2)

Single-crystal elastic constants and polycrystalline elastic moduli for HEAs can be

investigated by both experimental (in-situ neutron diffraction, tensile tests, and ultrasonicresonant-frequency techniques) and computational (first-principle calculations) efforts, which
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clarify the deformation science in the elastic region. Type-3 HEAs and Ti-containing Type-2
HEAs have low Young’s moduli (similar to Ti alloys), which empowers them with low Young’s
moduli to surpass other conventional metallic alloys for bio applications
(3)

The mechanical properties of three types of HEAs are schematically summarized and

compared with other conventional alloys. The yield strength of Type 1 is relatively low, compared to
Types 2 and 3. When the amount of the larger-radius element is introduced into 3d-transition metals,
Type-2 HEAs have higher yield strength than Type 1. However, at high temperatures above 1,073 K,
the yield strength decreases greatly. For Type 3, the yield strength of refractory HEAs decrease
relatively slows when the temperature is above 1,273 K. When a smaller-atomic-radius element is
introduced into refractory metals, the yield strength of Al0.4Hf0.6NbTaTiZr [Type 2 (BCC)] at room
temperature is very high. But the yield strength decreases much more than refractory HEAs (Type 3),
as the temperature increases. The yield strength of Type-1 HEAs is comparable to those of
conventional alloys, Haynes 230 (a Ni-Cr-W-Mo superalloy), Hastelloy X alloy (a Ni-Cr-Fe-Mo
superalloy), Iconel alloy 600 (a Ni-Cr-Fe superalloy), and Type 304 stainless steel. When the
temperature is below 800 K, Types-2 and -3 HEAs have superior yield strength, compared to
conventional alloys. When the temperature is beyond 1,000K, yield strength of Type-3 HEAs is
generally 5 times greater than those of conventional alloys.
(4)

The serration behavior found in the tension engineering stress-strain curves at 673 K of

CoCrFeMnNi and its subsets shed a light to reveal the deformation mechanisms of HEAs in the future.
The mechanical properties, related microstructural characteristics, deformation mechanisms, and
theoretical serration modeling of representative HEAs in each family may serve as a demonstrative
summary for the current progress in the scientific research of HEAs. It's expected that HEAs could be
used as structural materials in the industrial and commercial applications.
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(5)

The deformation mechanisms in terms of solid-solution strengthening, dislocations,

deformation twins, and precipitation are discussed. The initial plasticity of FCC HEAs occurs
exclusively by the planar glide of (110) dislocations on <111> planes. Mechanical twins in the family
of HEAs prefer to occur as a complementary deformation mechanism, in the following four correlated
conditions: (a) large deformation strain; (b) high strain rate; (c) low temperature, and (d) large grain
size.
(6)

The stacking fault energies of Types-1 and -2 HEAs, compared with other conventional alloys,

are reviewed. The SFE of reported HEAs is similar to low-SFE alloys, such as Cu alloys and austenitic
stainless steels. Also negative SFEs are reported for CoCrFeNi and CoFeNi HEAs, using the firstprinciples method. Stacking-fault configurations of CoCrFeMnNi have been observed and simulated
by advanced STEM and EAM modeling successfully. Low SFE could explain the development of a
brass-type texture instead of a copper-type texture after a 90 % cold rolling for the CoCrFeMnNi HEA
and exceptional mechanical properties of HEAs at cryogenic temperatures.
2.6 Author contributions
This chapter has been published in one peer-reviewed paper [243] and one book chapter
[244]. HYD and PKL designed the paper and book chapter; HYD and PKL were the lead authors;
XX contributed first draft of Sections 2.3.2 and 2.3.5; FS and KAD wrote Section 2.3.4. Other
sections were written by HYD. HYD, PKL, XX, FS, KAD, ZT, TE, and LS discussed the results
and commented on the manuscripts.
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Chapter III. Secondary Phases in AlxCoCrFeNi High-entropy alloys: an in-situ
TEM Heating Study and Thermodynamic Appraisal
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3.1 Introduction
In recent years, high-entropy alloys (HEAs) have attracted considerable research interests.
A rather novel concept in the alloy design was proposed by Yeh et al. [5, 6, 14, 28, 81, 245-247].
Up to now, several HEA systems were reported to have promising properties, such as high
hardness, large work-hardening capacity, excellent high-temperature strength, good wear,
oxidation, corrosion, fatigue, and fracture resistance [11, 13, 40, 51, 63, 69, 143, 149, 244, 245,
248-253].
By definition, HEAs have a set of multi-elements, which are in equal, or near -equal,
atomic ratios. HEAs tend to form a simple solid-solution structure, such as face-centered-cubic
(FCC), body-centered-cubic (BCC), and/or hexagonal-close-packed (HCP) structures [6, 254259]. This tendency is due to the high entropy of mixing of the solution phases.
Thermodynamically, a system reaches the equilibrium, when the Gibbs energy of the system
approaches its global minimum at a constant temperature and pressure [151, 260]. The
crystallinity of HEAs is commonly simple, even though they are comprised of five or more than
five elements. The simple crystal lattices exhibit both the individual characteristics of their
constituents and collective features [261].
A literature survey indicates that most publications to date are focused on understanding
and controlling the structure within as-cast and/or homogenized HEAs, especially at room
temperature (RT). Certain publications reported on the microstructures after oxidation or heat
treatment, e.g., mostly annealing, at elevated temperatures, like Al-Co-Cr-Ni-(Fe or Si) in air at
1,050 °C [262], AlxCoCrFeNi in air at 900 °C and 1,100 °C, and, then, quenched in water [263],
AlCrCuFeMnTi in air at 590 – 1,100 °C [264], and FeCoNiCrCu0.5 in argon at 350 – 1,250 °C
[265].
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Unfortunately, these research results are mostly associated with the post-mortem work.
There exist only a scant number of reports on the in-situ study of structural changes of HEAs at
elevated temperatures, except for the published in-situ research work on the CoCrCuFeNi HEA
under the fast electron irradiation in a transmission electron microscope (TEM) from 20 to 500
°C [266] and the damage tolerance of CrMnFeCoNi by in-situ straining in TEM [267], not to
mention the stress-strain study on a macroscopic scale [268]. Therefore, the real mechanism of
the microstructural evolution of the multi-elements in HEAs at elevated temperatures, and
whether the solid solution can still hold at elevated temperatures during service or not, are still
not understood and documented in detail. Furthermore, the investigation on the dominant
mechanism of the microstructural evolution for multiprincipal elements in HEAs at elevated
temperatures is critically needed. In order to address these pertinent questions, an in-situ TEM
heating study was performed on investigating the microstructural changes of HEAs at 500 °C
and 900 °C, respectively.
The present research aims at an in-situ TEM-heating study of the microstructural
evolution of HEAs at elevated temperatures by heating and holding samples for some time and,
then, immediately cooling them down to RT in vacuum inside TEM. This in-situ study facilitates
the observation process for immobilizing the sample area, which would be beneficial to monitor
the subtle microstructure evolution. The results will be confronted to thermodynamic
calculations and compared with those at RT to provide the insight into the relationship among
the microstructures, mechanical, and physical properties of HEAs at elevated temperatures. The
AlxCoCrFeNi HEA systems have been used to elucidate their mechanical, anticorrosive, and
thermal-expansive properties [6, 63, 250, 263, 269-272].
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The research efforts, including the formation path and detailed existing characteristics of
the  phase, the direct evidence of the strengthening effect of the B2 phase, and the annealingtwinning formation in HEAs, can assess their capability and significantly facilitate the
application of HEAs as future high-temperature materials. At the same time, the study could
deepen our fundamental understanding on the phase stability and deformation mechanisms of
both single-phase and multi-phase HEAs at elevated temperatures through the integration of
experimental and theoretical approaches.
3.2 Materials and methods
3.2.1 Sample preparation
Ingots with nominal compositions of AlxCoCrFeNi (x values in molar ratios, x = 0.3, 0.5,
and 0.7, denoted by Al0.3, Al0.5, and Al0.7, respectively) alloys were prepared by arc-melting pure
elements with a purity higher than 99.95 weight percent under a high-purity argon atmosphere on
a water-cooled Cu hearth. The alloys were re-melted three times in order to obtain homogeneity.
The three as-cast buttons were heated to 1,250 °C in 2 hours, and completed with
homogenization in a vacuum furnace for 50 hours, followed by furnace cooling on the way
down. Homogenized buttons were canned in a carbon steel to avoid surface oxidation. The
tubing was flattened and, then, welded shut with the button inside. Then the whole button was
upset forged without the restriction of four sides to achieve a 50 % reduction at 1,250 °C. The
needed reduction was calculated, and stops of carbon steels were placed on the platen to limit the
reduction to 50 %. The final forged portions were ~ 5 mm thick.
3.2.2 Microstructural characterizations.
Samples for the EBSD observation and hardness measurements were cut from the center
of the bulk material. The surface morphology of the polished specimens was studied by EBSD
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(XL-30 FEG FEI Philips) equipped with an EDS system for the chemical-composition analysis.
The EBSD data were obtained by the Orientation Imaging Microscopy (OIM) hardware and Data
Collection 7 software and analyzed by the TSL OIM Analysis 7.2 software (EDAX, Inc.,
Mahwah, NJ, USA) with the grain-tolerance angle of 5 degrees. To optimize the EDS analyses
for both light and heavy elements, an acceleration voltage of 20 kV was used with K lines of Al,
Co, Cr, Fe, and Ni.
Thin foils were prepared from the middle of the bulk materials and were observed through
the selected-area-electron-diffraction (SAED) analysis and high-resolution TEM (HRTEM)
observations operated at 400 kV, using the JEM 4000 EXII (JEOL Ltd., Tokyo, Japan). A
double-tilt heating holder with a tantalum furnace (Model 652, Gatan, Inc., Pleasanton, CA,
USA) was used for the in-situ observation during the heating procedure, and the smart mode was
employed for heating to the preset temperatures and the subsequent holding for 10 min. Then,
the specimens were immediately cooled down to RT in vacuum inside TEM. The temperatures
were set at 500 °C and 900 °C, respectively.
For the APT observation, a FEI Nova 200 dual-beam focused-ion-beam (FIB) instrument
was used to perform lift-outs and annular milling to fabricate the needle-shaped APT specimens.
APT was conducted with a local electrode atom probe (CAMECA LEAP 4000X HR) in a laser
mode at a base temperature of - 243 °C and a 25 pJ laser energy. The data sets were
reconstructed and analyzed, using the IVAS 3.6.12 software (CAMECA Instruments). A manual
peak-decomposition routine was performed for the proximity histograms using known isotopic
abundancies to account for peak overlaps, such as the Al+, Fe++, and Cr++ overlap at 27 Da.
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3.2.3 Thermodynamic calculations.
Using the CALPHAD (stands for calculation of phase diagrams) approach,
thermodynamic properties of multicomponent HEAs are able to be predicted by two-step
methods. In the first step, the parameters of thermodynamic models for the Gibbs energies of the
constituent phases in the lower order systems, binaries and ternaries, will be obtained, in terms of
known thermodynamic and phase equilibrium data (see Eqs. 3.1 and 3.2). In the second step, the
Gibbs energies of multicomponent alloy phases will be obtained via an extrapolation method
[273]. Related criteria are shown below.
If A and B form an ideal FCC solid solution, the Gibbs energy of the FCC phase is
represented by,

G fcc  xAGAfcc  xBGBfcc  RT ( xA ln xA  xB ln xB )

(3.1)

If A and B form a sub-regular solution, the Gibbs energy will be descibed by,

G fcc  xAGAfcc  xBGBfcc  RT ( xA ln xA  xB ln xB )  Gex, fcc

(3.2)

where xA and xB are the at. % of A and B in the solid solution, respectively. GA and GB are the
Gibbs energies of pure A and B. Gex is the extra Gibbs energy caused by a sub-regular phase.
Thus, the Gibbs energy does reach its minimum at the composition of unequal amounts
of A and B. The existence of other more stable phases will also affect the minimum Gibbsenergy position. The real alloy systems, which comprise many phases, can be much more
complicated.
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3.2.4 Neutron scattering.
Neutron-diffraction experiments were performed at the ORNL Spallation Neutron Source
(SNS) using instruments (NOMAD, Nanoscale-ordered Materials Diffractometer) at RT with an
aerodynamic levitator [29, 274]. This levitator provides a containerless environment, in which
small samples (2-mm-diameter spheres) are suspended above a conical nozzle with the flowing
argon gas.
3.2.5 Tensile tests.
A computer-controlled Material Test System (MTS) servohydraulic-testing machine was
employed for tension experiments on samples of Al0.3, Al0.5, and Al0.7 HEAs to characterize the
mechanical behavior of the alloys. The flat dog-bone tension-sample geometry is shown in
Figure 3.4(e). The gauge length is 10 mm, while the width and thickness are 3.15 mm and 1 mm,
respectively. The strain rate is 2 × 10-4 s-1.
3.3 Results
The morphologies, phase constitutions, and phase fractions of both FCC and BCC/B2
phases in Al0.3, Al0.5, and Al0.7 (shortening for Al0.3CoCrFeNi, Al0.5CoCrFeNi, and
Al0.7CoCrFeNi, respectively) samples are obtained through electron backscatter diffraction
(EBSD) mapping, equipped with energy-dispersive X-ray spectroscopy (EDS), TEM, and atomprobe-tomography (APT) techniques.
3.3.1 EBSD characterizations at RT.
The EBSD-phase map results [Figures 3.1(a) and 3.1(d)] of the Al0.3 sample show that
Al0.3 is almost a single solid-solution FCC phase. The mean grain size is larger than 600 m. The
Al0.5 sample [Figures 3.1(b) and 3.1(e)] consists of an approximately 98 volume-percent (vol. %)
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FCC phase and about 2 vol. % BCC/B2 phases. The mean grain size of FCC grains decreased to
around 40 m. The BCC/B2 phases exist in both grains and along grain boundaries. The Al0.7
sample [Figures 3.1(c) and 3.1(f)] consists of the 64 vol. % dendritic FCC [red color in Figure
3.1(c)] and 36 vol. % interdendritic BCC/B2 phases [green color in Figure 3.1(c)], with a mean
grain size of 25 - 30 m. Mutual-misorientation plots revealed that no preferential orientation
relationship between the dendritic FCC and interdendritic BCC/B2 grains exists. Note that the
EBSD cannot differentiate BCC and B2 (an ordered BCC) phases.
3.3.2 Neutron-diffraction studies at RT.
Neutron profiles of Al0.3, Al0.5, and Al0.7 samples are performed at the ambient
temperature, using aerodynamic levitation [29, 274] [Figure 3.1(g)]. The data were fit to the
solid-solution FCC and BCC/B2 structures, too, denoted by circles and squares, respectively. For
Al0.3, the only phase is FCC, while both FCC and BCC/B2 phases are present at RT for the Al0.5
and Al0.7 alloys. The lattice parameters derived from neutron-diffraction patterns are aFCC =
0.35808, 0.35958, and 0.36048 nm for Al0.3, Al0.5, and Al0.7, and aBCC/B2 = 0.28985 and 0.28905
nm for Al0.5 and Al0.7 HEAs, respectively. Neutron-diffraction patterns provide the information
regarding the superlattice, i.e., the 100 peak, for Al0.7, which indicates that the main phases in
Al0.7 are the FCC and B2 (an ordered BCC) phases, not the BCC phase.

109

Figure 3. 1 Phase-constitution characteristics of Al0.3CoCrFeNi, Al0.5CoCrFeNi, and
Al0.7CoCrFeNi at RT, obtained by EBSD and neutron-diffraction measurements. The FCC phase
(red) are almost 100 %, 98 %, and 64 % and the BCC phase (green) 0 %, 2 %, and 36 % in Al0.3
(a), Al0.5 (b), and Al0.7 (c) samples, respectively. Black lines represent grain boundaries, and
yellow lines denote 60º@<111> twins in the FCC phase. 60º@<111> twins in the FCC phase
detected by the EBSD results in Al0.3CoCrFeNi (d), Al0.5CoCrFeNi (e), and Al0.7CoCrFeNi (f)
samples. The white area represents the untwinned fraction, blue and red colors denote the parent
and daughter twin areas, respectively. Black pixels belong to the BCC phase. (g) Neutrondiffraction profiles of Al0.3CoCrFeNi, Al0.5CoCrFeNi, and Al0.7CoCrFeNi samples at RT. Data
were fit to the FCC and BCC/B2 structures, and the corresponding peaks are denoted by circles
and squares, respectively. (h) is the summarized phase fractions, average grain diameters, and
twin fractions in the FCC phase of Al0.3CoCrFeNi, Al0.5CoCrFeNi, and Al0.7CoCrFeNi alloys
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Phase
(vol. %)
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BCC

Grain Size
(m)
FCC
BCC

Twinned FCC Grains
(vol. %)
Untwinned
Parent
Daughter

Al0.3CoCrFeNi

99.9

0.1

> 600

-

9.5

54.5

36.0

Al0.5CoCrFeNi

98.0

2.0

40.4

7.5

2.3

62.8

34.9

Al0.7CoCrFeNi

64.0

36.0

26.6

19.2

9.7

52.5

37.8
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(a)

(b)

(c)

Figure 3. 2 Microstructural characteristics of the Al0.7CoCrFeNi alloy after the forging process
(hot plastic deformation), studied by the combination of EBSD and EDS mapping of about 1M
points with step of 0.4 µm. (a) [001] inverse-pole-figure map; (b) Twin parent/daughter map of
Σ3 twins in the FCC phase; and (c) Local average misorientation map in the BCC phase (blue 0º,
red 3º). Rest: Co, Al, Ni, Cr and Fe EDS maps showing Al, Ni-rich BCC and Cr, Fe-rich FCC
phases. Grain boundaries (> 5º in black) and Σ3 twins (yellow) in the FCC phase are also shown
113

3.3.3 Morphology of twins in all three alloys at RT.
There are many Σ3 (60º@<111>) twins in the FCC phase, detected by EBSD, in all three
alloys, Al0.3, Al0.5, and Al0.7 [Figures 3.1(d), 3.1(e), and 3.1(f), respectively]. The parent and
daughter twins are shown in blue and red colors, respectively, on the maps. The untwinned area
(white) is less than 10 vol. % in both Al0.3 and Al0.7 samples, while less than 3 vol. % in the Al0.5
sample. Figure 3.1(h) summarized the phase fractions, grain sizes, and twin-area percentages of
both parent and daughter twins in all three alloys, Al0.3, Al0.5, and Al0.7 from EBSD results
(Figure 3.1).
The crystallography information obtained through the EBSD and chemistry by the EDS
analyses are combined in Figure 3.2, where the different maps of the same area of the Al0.7
sample are displayed. The [001] inverse-pole-figure map [Figure 3.2(a)] is shown together with
the twin parent/daughter map for the FCC phase [Figure 3.2(b)] and local average misorientation
map in BCC grains [Figure 3.2(c)]. The analysis is completed with five elemental distribution
maps for all elements presented in the specimen. Al and Ni are rich in the BCC/B2 region, while
Cr and Fe are rich in the FCC region.
3.3.4 TEM characterizations at RT.
The detailed microstructural analyses, especially by TEM, were performed at RT. For
Al0.5 and Al0.7, the matrix is an FCC phase. The grain size of the FCC phase is much larger than
that of the BCC phase. The BCC phase looks like a long rod shape and is distributed along grain
boundaries on TEM images. Figure 3.3 gives the typical TEM micrographs of HEAs at RT. A
rod-like BCC phase is clearly observed in Al0.7CoCrFeNi, as shown in Figure 3a, while
dislocations in the FCC region of Al0.7CoCrFeNi in Figure 3.3(b) (see also [151, 270, 275, 276]).
The TEM morphologies of Al0.5 and Al0.7 are consistent with the EBSD results (Figures 3.1 and
114

3.2). Twins are easily observed in Al0.5 at RT, as clearly shown in Figure 3.3c. Figure 3.3d gives
the corresponding electron-diffraction pattern (EDP) of the twins, showing clearly the twinning
relationship. Slip bands are also observed by an optical-microscopic (OM) observation after
indentation with a 100 gf force for 10 seconds. Figures 3.4(a), 3.4(b), and 3.4(c) show the slip
bands near the indent of Al0.3, Al0.5, and Al0.7 samples at RT, respectively. HEAs deform in a
jerky way, which was approved by both experiments and modelling [268].
3.3.5 APT characterizations at RT.
The elemental distribution and the chemical composition within different phases of Al0.3
and Al0.5 were obtained from APT. Figure 5a displays the individual atomic positions of Al, Co,
Cr, Fe, and Ni in an analyzed volume of 46 × 46 × 180 nm3. A one-dimensional (1D) line profile
taken along the black arrow of all alloying elements is shown in Figure 3.5(b). Average solute
concentrations of Al, Co, Cr, Fe, and Ni are calculated to be 4.5, 23.4, 23.3, 25.7, and 23.5
atomic percents (at. %), respectively.
A frequency-distribution histogram [243] of the atom-probe data was performed within a
15 × 15 × 15 nm cube that was carefully selected within the APT volume to avoid regions that
could contain artifacts arising from crystallography, such as a crystallographic pole, to test if
there is any association or clustering of the elements for Al0.3 [shown in Figure 3.5(c)]. To
accomplish the process, 100 ion bins were used to generate a compositional distribution of the
experimental data, which is compared to the binomial distribution, f(n) [68]. The deviation
between the experimentally-measured distribution from the binomial distribution can be
quantified, using statistics [68]. A p test was performed to statistically verify the hypothesis
that the experimental APT data can be described by a random distribution of elements with a
specific significance level [277]. The p value is the probability that the compositional
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fluctuations within the measured APT sub-volumes can be measured from a homogenous
distribution described by the binomial distribution. A significance level of 0.05 was chosen,
meaning that p values below 0.05 would reject the hypothesis that the elemental distributions are
homogenous. The p values for Al, Co, Cr, Fe, and Ni were found to be 0.944, 0.180, 0.518,
0.464, and 0.284, respectively. These values confirm that the Al, Co, Cr, Fe, and Ni distributions
are indeed homogenous.
Figures 5d and 5f present microstructures of both the FCC and B2 phases in Al0.5 with the
sub-nm resolution using APT, respectively. The NiAl-rich nanoprecipitates [Figure 3.5(d)]
(which will be referred to the L12 phase) are found in the FCC region for Al0.5. Related atomic
concentrations across the FCC-nanoprecipitated interface, defined by a 15 at. % Al isosurface,
are shown in Figure 5e. In the B2 region, the Cr-rich nanoprecipitate [Figure 3.5(f)] is present,
and its composition matches that of the BCC phase, identified using CALPHAD (stands for
calculation of phase diagrams). A proximity histogram of the B2/BCC interface, defined by a 10
at. % Cr isosurface, is shown in Figure 3.5(g). The B2 phase, measured by the atom probe, is
NiAl rich, which correlates to the composition calculated by CALPHAD. This trend indicates
that the BCC phase detected by EBSD (Figures 1b and 1e) is most likely a B2 phase (an ordered
BCC phase) in Al0.5. Thus, APT is an efficient method that can reveal the nanostructures within
the FCC and B2 phases in Al0.5. The Cr-rich BCC precipitate is the origin of the  phase, which
will be elucidated in Discussion.
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Figure 3. 3 Typical TEM micrographs showing general microstructures in HEAs at RT: (a) a
narrow rod-like BCC phase along the FCC grain boundary in Al0.7CoCrFeNi, (b) dislocations in
the FCC phase of Al0.7CoCrFeNi, (c) twins in Al0.5CoCrFeNi, and (d) the corresponding EDP
showing the twinning relationship.
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Figure 3. 4 Hardness and tensile properties of Al0.3CoCrFeNi, Al0.5CoCrFeNi, and
Al0.7CoCrFeNi. SEM micrographs of slip bands after indentation at RT with a 100 g force for 10
seconds: (a) Al0.3CoCrFeNi, (b) Al0.5CoCrFeNi, (c) Al0.7CoCrFeNi, with a’, b’, c’ magnifications
accordingly. (d) The Vickers microhardness measured with a load of 10 gf and a load time of 15
s. Each sample was measured at three random areas of each phase for the average and standard
deviation values. (e) Tensile engineering stress-strain curves of AlxCoCrFeNi alloys (x = 0.3, 0.5,
and 0.7). The gauge length is 10 mm, while the width and thickness are 3.15 mm and 1 mm,
respectively. The strain rate is 2 × 10-4 s-1
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Figure 3. 5 APT data of Al0.3CoCrFeNi and Al0.5CoCrFeNi at room temperature (RT). (a)
Individual elemental maps, including Al, Co, Cr, Fe, and Ni, respectively, displaying the overall
distribution of atoms in Al0.3CoCrFeNi; (b) The concentration profile of all alloying elements
taken along the black arrow in Al0.3CoCrFeNi; (c) solute-frequency distribution histograms of all
alloying elements with a block size of 100 atoms. The bold lines are the theoretical binomial
distribution, while dots are the experimental data. (d) RT microstructures on the atomic level of
the Al0.5CoCrFeNi alloy in the FCC region, showing that the FCC phase contains NiAl rich L12
nanoprecipitates, and (e) the proximity histogram, presenting atomic concentrations across the
FCC-L12 interface. (f) An atom map from the B2 region, showing the atomic distribution within
the B2 phase, which contains the Cr-rich BCC phase, and (g) the proximity histogram,
presenting atomic concentrations across the B2/BCC interface
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3.3.6 TEM characterizations at 500 °C
The bright-field (BF) TEM micrographs of the same area in HEAs at RT before and after
annealing at 500 °C for 10 min. are shown in Figure 3.6. Figures 3.6(a) and 3.6(b) are of Al0.3, 6c
and 6d of Al0.5, 6e and 6f of Al0.7, respectively. For example, in Al0.3, the FCC solid solution
filled with dislocations is present at RT, before annealing [Figure 3.6(a)]. During heating, at
about 400 °C, some additional weak contrasts associated with the precipitation of secondary
phases from the FCC-solution structure begin to appear. After annealing at 500 °C for 10 min.
and cooling back down to RT, the precipitates (marked by red arrows) become more apparent
[Figure 3.6(b)], and the dislocation density has decreased considerably. The same results have
been observed by the in-situ TEM, when these three HEAs were annealed at 900 °C for 10 min.
3.3.7 TEM microstructures at 900 °C.
The BF-TEM micrographs of the same Al0.7 area acquired at RT before and after
annealing at 900 °C for 10 min. are shown in Figure 3.7. Before annealing, the grains are smooth
without the presence of precipitates [Figure 3.7(a)], and the nano-sized BCC phase is
homogenously distributed in the FCC matrix, which can be proven from the EDP shown in
Figure 3.7(b). The BCC and FCC phases have a perfect crystallographic-orientation relationship,
(110)BCC // (200)FCC, [001]BCC // [001]FCC, which matches the result of other researchers [254].
While after annealing at 900 °C for 10 min. and cooling down to RT, many precipitates are
formed from the matrix, as shown in Figure 3.7(c). There are two types of precipitates, i.e.,
equiaxial and rod-like phases, as identified by EDPs results. Figure 7d is the EDP of the rod-like
phase, which is the Al-rich  phase. The  phase belongs to the monoclinic system with a space
group of C2/m (12) and parameters of a = 2.519 nm, b = 0.7574 nm, c = 1.094 nm, and  =
128.71 °. Figure 3.7(e) is the EDP of the equiaxial phase, which is assigned as the Cr-rich 
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phase. The  phase belongs to a tetragonal system with a space group of P42/mnm (136) and
parameters of a = 0.8799 nm and c = 0.4544 nm. The parameters derived from EDPs are a =
0.8654 nm and c = 0.4540 nm for the Cr-rich  phase, and a = 2.5159 nm, b = 0.7799 nm, and c
= 1.0519 nm for the Al-rich  phase in the present study. All the experimental parameters are just
somewhat smaller than pure CrFe and Al45Cr7 phases in the Joint Committee on Powder
Diffraction Standards (JCPDS) [278] cards except for the b parameter of the Al-rich  phase,
which is increased by 3 %. Anyway, although there are slight discrepancies, the experimental
data in the present study matches the result on the JCPDS cards. While there is not an orientation
relationship observed between the -CrFe phase and the solid-solution matrix, there is a
crystallographic-orientation relationship found between the -Al45Cr7 phase and FCC solidsolution matrix, as illustrated on the TEM micrographs displayed in Figure 3.7(d). As is clear
from the pictures, the orientation relationship is (-1 1 1)Al45Cr7 // (1 1 -1)FCC, [101]Al45Cr7 //
[101]FCC.
The matrix lacks Cr, Fe, and Al, while it is rich in Ni. The EDS results proved that the
isolated precipitate is an FCC phase [Figure 3.7(f)]. Some satellite spots are also visible from
main spots due to the other smaller-sized precipitates around it. This feature proves that the
residual matrix can form the Ni-rich solid solution. The elemental constitutions of the isolated
precipitate by the EDS analysis are 0.78, 6.67, 20.71, 29.84, and 42.01 (at. %) for Al, Co, Cr, Fe,
and Ni, respectively. The lattice parameter is calculated to be a = 0.3625 nm within the Ni-rich
FCC solid solution derived from EDPs, which is 0.56 % larger than that (0. 36048 nm) before
heating and annealing. They can also be regarded as having the same values within the system
error. Previous studies have shown deviation from a homogeneous solid solution in the atomic
distribution for HEAs [29, 256].
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After 500 °C for 10 min.

Al0.3CoCrFeNi
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Al0.5CoCrFeNi
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Figure 3. 6 Snapshots at RT of in-situ heating TEM micrographs of HEAs before and after
annealing at 500 °C for 10 min. (a, b) Al0.3CoCrFeNi, (c, d) Al0.5CoCrFeNi, and (e, f)
Al0.7CoCrFeNi. Newly-formed precipitates are indicated by red arrows for example
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Figure 3. 7 TEM micrographs of Al0.7CoCrFeNi at RT before and after annealing at 900 °C for
10 min. (a) A BF image before heating, (b) EDP of the matrix before heating, (c) A BF image
after annealing, (d) EDP of the rod-like  phase (Al45Cr7), (e) EDP of the  phase (CrFe)
showing the crystallographic-orientation relationship with the FCC matrix, and (f) EDP from an
isolated precipitate, which proved that the precipitate is an FCC phase. Some side spots are also
visible from main spots due to the other smaller-sized precipitates around it
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3.3.8 Properties.
The Vickers microhardness was measured with a load of 10 gf and holding time of 15 s.
Each sample was measured at three random areas of each phase for the average and standarddeviation values. The Vickers hardness for the FCC (HVFCC) and BCC/B2 phases (HVBCC) of the
Al0.3, Al0.5, and Al0.7 alloys in the forged condition are listed in Figure 3.4(d). Overall, the HVBCC
is higher than the HVFCC (see also [5, 69]). For example, the value of HVBCC in the forged Al0.5
alloy is as high as 513, while the value of HVFCC is only 279. Compared to hardness, tensile tests
are sensitive to detect the embrittlement. Shown in Figure 3.4(e), for Al0.3, the values of the yield
stress, ultimate tension stress, and ductility are 210 MPa, 500 MPa, and 97 %, respectively. For
Al0.5, the values of the yield stress, ultimate tension stress, and ductility are 550 MPa, 725 MPa,
and 56 %, respectively. For Al0.7, the values of the yield stress, ultimate tension stress, and
ductility are 600 MPa, 740 MPa, and 8 %, respectively.
3.3.9 Thermodynamic calculations.
On the basis of our experience, the CALPHAD approach plays a more and more
important role in the design and development of HEAs [54, 273, 279-282]. For better
understanding the stable phases and their fractions as well as the distribution of each alloying
element within different phases of all three alloys (Al0.3, Al0.5, and Al0.7), equilibrium
calculations are carried out on them within the temperature range from 200 to 1,500 °C (as
shown in Figure 3.8). Six different phases, FCC, BCC, L12, B2, σ, and  phases, are present in
the three studied alloys (Al0.3, Al0.5, and Al0.7), and their relative fractions and phase
compositions at three experiment-related temperatures are listed in Table 3.1.
In Al0.3, for 1,026 °C < T < 1,402 °C, only one FCC phase is present and stable. As the
temperature decreases, the ordered B2 phase forms at 1,026 °C and disappears at 550 °C. The σ
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phase forms at temperatures below 720 °C and disappears at 350 °C, and the ordered L12 forms
below 600 °C. Two kinds of disordered BCC phases will be present at even lower temperatures.
In Al0.5, the ordered B2 phase will form in a larger temperature range, from 200 °C to
1,350 °C, which explains the presence of the B2 phase at RT. The σ phase begins to develop at a
temperature of 820 °C, and disappears at 350 °C. Also, the ordered L12 and disordered BCC
phases can form in the temperature range of 400 to 600 °C. The disordered BCC phase will
separate into two different BCC phases when the temperature decreases below 400 °C.
In Al0.7, the ordered B2 phases also form within a large temperature range (200 °C to
1,350 °C) and encompass a larger volume fraction, compared to Al0.5. At temperatures between
900 °C and 1,350 °C, the BCC phase is present at an approximately 5 vol. %. The start
temperature of the σ phase is increased to 900 °C. The σ phase disappears at approximately 350
°C, which is similar to that in Al0.3 and Al0.5. The formation of L12 and two disordered BCC
phases are also similar to those that form in Al0.3 and Al0.5. More detailed information, e.g.,
chemical compositions of each phase, from our thermodynamic calculations is listed in Table
3.1, which indicates that the ordered B2 phase is NiAl rich, and the σ phase is Cr rich.
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Figure 3. 8 CALPHAD diagram showing the relationship between the fractions of various
phases and temperatures for (a) Al0.3CoCrFeNi, (b) Al0.5CoCrFeNi, and (c) Al0.7CoCrFeNi,
respectively
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Figure 3.8 Continued
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Figure 3.8 Continued
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Table 3. 1 Stable phases, phase fractions, and phase-chemical compositions of all three alloys at
three experiment-related temperatures
Parameters

T
(°C)

Stable
Phase

Fraction
(%)

1,250

FCC

900

Phase Composition (at. %)
Al

Co

Cr

Fe

Ni

100

6.976

23.256

23.256

23.256

23.256

FCC
B2

94.15
5.85

5.057
37.864

24.079
10.000

54.499
3.263

24.450
4.041

21.915
44.832

500

BCC
L12
σ

31.34
31.07
37.59

0.276
22.160
0.016

40.480
3.632
25.112

8.466
0.689
54.240

47.902
4.414
18.277

2.876
69.106
0.236

1,250

FCC
B2

95.56
4.04

10.001
37.282

22.678
11.388

22.880
6.591

22.955
4.813

21.477
39.926

900

FCC
B2

80.74
19.26

4.468
38.960

24.832
11.283

26.702
3.443

26.607
3.841

17.391
42.473

500

BCC
B2
L12
σ

28.515
18.022
17.290
36.173

0.297
39.903
22.150
0.015

38.982
9.485
3.373
24.365

8.649
0.409
0.668
54.091

49.198
2.537
4.589
19.193

2.874
47.667
69.220
2.334

1,250

FCC
BCC
B2

80.09
1.65
18.26

9.758
8.231
38.019

23.307
18.760
12.600

24.229
37.590
6.856

24.850
27.616
5.034

17.857
7.804
37.490

900

FCC
BCC
B2

69.61
0.32
30.07

4.039
4.575
40.128

24.975
18.807
12.742

28.822
44.466
3.566

28.880
27.421
3.610

13.284
4.730
39.953

500

BCC
B2
L12
σ

26.049
34.590
4.499
34.862

0.318
39.926
22.126
0.015

37.549
9.007
3.137
23.632

8.837
0.402
0.652
53.944

50.417
2.678
4.766
20.086

2.878
47.988
69.32
2.323

Alloys

Al0.3

Al0.5

Al0.7
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3.4 Discussion
3.4.1 Effect of Al addition
Excessive alloying of the Al element results in the change of both microstructural and
mechanical properties in AlxCoCrFeNi HEAs. There are mainly three structural features in
AlxCoCrFeNi: (1) the morphology, (2) the volume fractions of the six phases, and (3) existing
temperatures of all six phases. As the aluminum ratio increases from 0.3 to 0.7, the morphology
changes from large-sized equiaxed grains (~ 600 µm) for Al0.3, to small-size equiaxed (~ 60 µm)
for Al0.5, and finally to dendrite/interdendrite structures for Al0.7. The B2 phase initialized in both
intragranular and intergranular sites, as the aluminum content increases. From Al0.3 to Al0.7, the
volume fraction of the B2 phase increases from 0 % to 36 %, which indicates that the aluminum
content is a critical factor for the FCC/B2 phase ratio, and which is also found in
AlxCoCrCuFeNi [5, 283] and AlxCoCrFeMnNi [43] . The aluminum content expands the
existing temperatures and increases the volume fraction of the B2 phase in AlxCoCrFeNi,
because Al acts as a strong NiAl-rich B2-phase stabilizer [45]. The increasing volume fractions
of the B2 and  phases explain the increase of the yield strength and the decrease of the
elongation in AlxCoCrFeNi HEAs.
3.4.2 Deformation mechanisms of both FCC and BCC phases
Different deformation mechanisms could be clearly detected in the FCC and BCC phases
(shown in Figure 3.2), which is illustrated in Figure 9a. Under the same plastic deformation,
annealing twins are present only in the FCC phase, while the BCC/B2 phases are highly
deformed. The FCC phase is full of annealing Σ3 twins (60°@<111>), shown as yellow lines in
all maps depicted in Figure 3.1 for all alloys investigated and in Figure 3.2 for the Al0.7 sample.
The existence of twins is unaffected, to the variation of the aluminum content. However, the
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untwinned area and both the parent and daughter twinned areas become finer, after increasing the
aluminum content. On the other side, the BCC phase is characterized by large, highly-deformed
grains. The map of local average misorientations, indicating the high local deformation through
dislocation glide and climb mechanisms, is shown in Figure 3.2(c). Therefore, as illustrated in
Figure 3.9(a), under the same high plastic deformation, originated from the 50 % forging in the
last step of sample preparation, the BCC/B2 phases are highly deformed, while annealing twins
are only present in the FCC phase.
3.4.3 Formation of intermetallic Cr-rich (both BCC and  phase) precipitations
The globular Cr-rich  phase precipitates are identified by both in-situ TEM-heating
experimental techniques together with EDP results (Figure 3.7), after annealing at 900 °C for 10
min. and cooling down to RT, as well as CALPHAD calculations [Figure 3.8(c)] for Al0.7. Nanoscaled Cr-rich precipitates, identified by APT and thermodynamic calculations, are present in the
B2 phase in Al0.5 [Figure 3.5(f)]. In Al0.3, precipitates initiation was able to be identified, using
the in-situ heating TEM observation [Figure 3.6(b)], in which they are too small to obtain the
crystal structure, employing conventional diffraction methods. Therefore, through the detailed
thermodynamic calculations (Figure 3.9), the  phase appears to be stable at intermediate
temperatures, between 350 °C and 720 °C for Al0.3, between 350 °C and 810 °C for Al0.5, and
between 350 °C and 900 °C for Al0.7, respectively. The  phase is present in all three HEAs,
because (1) Cr is known as a strong  phase former, and the  phase has also been shown to
form in binary systems of the Cr-Co, Cr-Fe, and Cr-Ni. (2) more substitutional elements (Al, Co,
Cr, Fe, and Ni), having similar atomic radii, do not make the  phase unstable for HEAs. The Crrich phases were only found in the B2 region for Al0.5 by APT [Figure 3.5(f)], which may be
rationalized as follows: (1) The Cr-rich phase is a second phase of a rich substitutional element.
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The diffusion of the substitutional element is very slow in the FCC phase [28]. Thus, the
nucleation of the Cr-rich phase in the FCC phase is difficult. (2) The interface between the Crrich and FCC phases is incoherent [284] to prevent the formation of the Cr-rich phase in the FCC
phase. The APT and thermodynamic-calculation results for Al0.5 show that the -phase
precipitation can be described as occurring in three steps [shown in Case 1 of Figure 3.9(b)]: (1)
The Cr-rich BCC phase nucleates in the B2 region, resulting from the coherent interfaces and
driven by the concentration profiles; (2) The  phase nucleates at the BCC/B2 interface and
rapidly grows within the BCC phase, attributed to the Cr-concentration profiles (partitioning of
alloying elements); and (3) the eutectoid decomposition of the remaining BCC phase is around
600 °C (shown in Figure 3.8).
According to the presented TEM experimental results, the CALPHAD-based analysis, as
well as results reported in literatures [29, 92, 255, 285, 286], the  phase at higher temperatures
in Al0.7 can also form directly from the FCC matrix [illustrated in Case 2 of Figure 3.9(b)],
because the  phase is found to be globular in shape inside the FCC matrix and has no
relationship with the FCC matrix [Figures 3.7(c) and 3.7(e)].
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(a)

(b)

Figure 3. 9 Schematic representation of difference responses of FCC and B2 phases after the
same forging process. twins form in the FCC region, while high local deformation,
characterized by the local average misorientation map, is present in the B2 region. (b) The
proposed formation path of the phase in two cases. Case 1 is a three-step formation, based on
APT results and thermodynamic calculations. Step 1: The Cr-rich BCC phase nucleates in the B2
region, resulting from the coherent interfaces and driven by the concentration profiles; Step 2:
The  phase nucleates at the BCC/B2 interface and rapidly grows within the B2 phase, attributed
to Cr-concentration profiles (partitioning of alloying elements); and Step 3: the eutectoid
decomposition of the remaining BCC phase is around 600 °C. Case 2 is that the  phase at
higher temperatures in Al0.7 can form directly from the FCC matrix
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The Cr-rich phases are also found in other HEAs [29, 254, 255, 285, 286] , and stainless
steels [284]. The hardness of the alloys increases with increasing the content of the  phase in
Fe-based composites [287]. The Cr-rich phase is referred to as the  phase, which has been
verified by EDS mapping in the scanning electron microscopy (SEM) and selected-area
diffraction (SAD) in the TEM to be present at the grain boundary after a 700 °C annealing for
1,000 hours [285] and 500 days [286] in CoCrFeMnNi, respectively. In mechanochemicallysynthesized Cr-Fe-Co-Ni-Al-Ti alloys [288],  phases are identified by X-ray diffraction (XRD)
at even higher temperatures, 850 °C and 1,200 °C, respectively. The Cr-rich phase is referred to
as the BCC phase in Al1.3CoCrFeNi [29] and Al-Co-Cr-Fe-Ni alloys, containing approximately a
15 to 23 atomic percent (at. %) Al [92]. Also, the Cr-rich phase was observed in the as-cast
Al0.44CoCrFeNi alloy by Z-contrast imaging in a scanning TEM (STEM) [262]. However, the
crystal structure of this Cr-rich phase was not identified. Thus, the precipitation of the Cr-rich
phase, including the  and BCC phases, is often observed in various HEAs, and the
understanding of the Cr-rich precipitation will allow for some control over the properties of
HEAs in the future. By comparing the calculated existing temperature of the  phase in Al0.3,
Al0.5, and Al0.7 (shown by orange curves in Figures 8a, 8b, and 8c, respectively), it shows that the
 phase can stand for higher temperatures, as the Al ratio increases, which is correlated with an
increase in hardness [Figure 3.4(d)] and a decrease in elongation [Figure 3.4(e)] in HEAs, as the
Al ratio increases.
3.4.4 Comparison between thermodynamic calculations and experimental results
The thermodynamically-calculated results help us better understand the experimental
results. It facilitates the identification of the BCC/B2 phases [Figures 3.1(b) and 3.1(c)] as the B2
phase in Al0.5 and Al0.7. The calculations also effectively verify the structures of the NiAl-rich
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phase [Figures 5(d) and 5(e)] and nanoscaled Cr-rich phase [Figures 5(f) and 5(g)] in Al0.5 as L12
and BCC phases, respectively. There are great agreements of the phase fractions between the
measured and calculated values for Al0.3 and Al0.5, as described below. However, discrepancies
are present. The experimental results show that the FCC phase fractions after homogenization at
1,250 °C for 50 hours are ~ 100, 98, and 64 % for Al0.3, Al0.5, and Al0.7, respectively, while our
calculated results are ~ 100, 96, and 80 %, accordingly. The discrepancy for the Al0.7 alloy may
be due to the inaccuracy of the current thermodynamic database. Nevertheless, furnace cooling
rather than water quenching was used in the present work. The relatively-slow cooling rate could
result in the formation of precipitates, such as the B2 phase (~ 0.1 vol. %) within the Al0.3 alloy.
Discrepancies are also expected at lower temperatures, such as 500 and 900 °C. The reason for
discrepancies is that the phase diagram represents the phase-equilibrium information, while the
phase transformation in the solid state is the diffusion-controlled process, and it will take much
longer time to reach the equilibrium state. The in-situ TEM work held the sample at different
temperatures for only 10 min. Thus, the experimentally-observed microstructures are not in
equilibrium.
3.5 Conclusions
By the novel integrated approach, combining the in-situ TEM observation, APT
characterization, EBSD, neutron diffraction, and detailed thermodynamic calculations, (1) the
aluminum effect on the phase fraction, (2) the annealing-twinning formation, (3) the nucleation
of secondary phases, and (4) the effect of secondary phases on mechanical properties in
AlxCoCrFeNi (x = 0.3, 0.5, and 0.7) HEAs have been discussed thoroughly. The following
conclusions can be drawn.
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a. The main phase constitution in the forged AlxCoCrFeNi HEAs is the mixture of the
FCC and B2 phases. The fraction of the B2 phase increases with increasing the Al content. The
volume fractions of the FCC phases are 99 %, 98 %, and 36 % for Al0.3CoCrFeNi,
Al0.5CoCrFeNi, and Al0.7CoCrFeNi, respectively.
b. Excessive alloying of the Al element results in the change of both microstructural and
mechanical properties in AlxCoCrFeNi HEAs. As the aluminum ratio increases from 0.3 to 0.7,
the morphology changes from large-sized equiaxed grains, to small-sized equiaxed grains, and
finally to dendrite/interdendrite grains. The aluminum contents expand the existing temperature
and increase the volume fraction of the B2 phase in AlxCoCrFeNi, as Al acts as a strong NiAlrich B2-phase stabilizer.
c. Using the in-situ TEM study, there are predominantly two types of precipitates, a Crrich  phase (a CrFe type) and an Al-rich  phase (an Al45Cr7 type), observed and characterized
by experimental efforts after annealing for 10 min. at 900 °C for Al0.7CoCrFeNi.
Thermodynamic calculations and APT results show that the  phase is also present in Al0.3 and
Al0.5. The nucleation path of the  phase in both Al0.5 and Al0.7 is illustrated in two cases. The 
phase forms either in a three-step formation (a Cr-rich BCC phase nucleates in the B2 region 
the  phase nucleates at the BCC/B2 interface  the remaining BCC phase decomposes), or
directly from the FCC matrix.
d. Twins are present only in the FCC regions for all three alloys, due to the low stacking
fault energy [28]. The local average disorientation in the B2 region of Al0.7CoCrFeNi proves the
strengthening effect of the B2 phase directly. Thus, the increasing volume fractions of the B2
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and nano-sized  phases explain the increase in the yield strength and decrease in the elongation
of AlxCoCrFeNi HEAs.
e. The research efforts, including (1) the formation path and detailed existing
characteristics of the  phase, (2) the direct evidence of the strengthening effect of the BCC
phase by EBSD, and (3) the annealing-twin formation only in FCC regions of HEAs, assess the
capability of HEAs as future high-temperature materials thoroughly. Above all, the study could
provide our fundamental understanding on the phase stability and deformation mechanisms of
both single-phase and multi-phase HEAs at elevated temperatures through the novel integration
of experimental and theoretical approaches.
Above all, the present research could provide the basic understanding of the phase
stability and deformation behavior of both single-phase and dual-phase HEAs, thus facilitate the
application of HEAs at elevated temperatures.
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Chapter IV. Novel NiAl-strengthened High-entropy Alloys with Balanced Tensile
Strength and Ductility Designed by Coupling Experimental and Computational
Efforts
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4.1 Introduction
Currently, most structural materials for engineering applications are based on single
principal elements, e.g., Al-based alloys, Ti-based alloys, Fe-based alloys, and Ni-based
superalloys. The creation and design of novel structural materials with enhanced mechanical
properties has always been the goal of many scientists and engineers. Recently, the high-entropy
alloy (HEA) concept [4-6, 27, 28], also known as multicomponent alloys [4], multi-principal element
alloys (MPEAs) [26], complex concentrated alloys (CCAs) [27], compositionally complex alloys
(CCAs) [28], or baseless alloys [27], has revolutionized alloy-design approaches by employing the
use of five or more multi-principal elements in an equal or near-equal atomic percent [4-6].
While the reported literatures of HEAs indicate promising enhancements in mechanical
properties, such as high hardness [4], good yield strengths [43, 113, 115], great fatigue resistance
[11, 13, 289], and excellent fracture toughness [14], compared with conventional alloys, in order
to make HEAs into real engineering alloys for industrial applications, strategic processing is
needed. For example, Otto et al. increased the room-temperature yield strength of CoCrFeMnNi
from 200 MPa to 350 MPa via grain refinement from 144 to 4.4 μm, utilizing the grain-boundary
strengthening mechanism. Another possible approach is precipitation strengthening via heattreatment processing. Recently the strength increment due to the second phase precipitation has
been reported [107, 215]. Due to the formation of  phase, significant strengthening (from 130
MPa to 330 MPa), accompanied by no ductility, was demonstrated in the CoCrFeNiV alloys
[107]. Minor alloy additions of Ti and Al to a single-phase CoCrFeNi HEA can induce the
formation of L12 coherent precipitates in the face-centered-cubic (FCC) matrix, which yields a
645 MPa yield strength with a 39 % elongation [215]. Even though strengthening effect of the
second-phase precipitation has been reported, more detailed investigations are required to
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understand the formation of these ordered precipitates, their structures, stoichiometry, the
chemical partitioning of solute elements between the precipitate and the matrix, and the
strengthening effect on the atomic level. In order to further solve this initial issue, the present
work focuses on strategically developing second-phase-strengthened HEAs with the balanced
tensile strength and ductility by coupling experimental and computational efforts.
In the current work, we present stable phases and their fractions, as well as the
distribution of each alloying element within different phases, of Al0.3CoCrFeNi within the
temperature range from 200 to 1,500 °C, using the calculation of phase diagrams (CALPHAD)
approach [54, 273, 279-282]. Then based on the thermodynamic calculation results, two-step
heat-treatment processing (homogenized at 1,250 °C and then aged at 700 °C) were designed to
achieve optimal microstructure combinations for good mechanical properties. The direct
evidence of the strengthening effect of the B2 [ordered body-centered-cubic (BCC)] phase is
studied by in situ neutron diffraction measurements [290]. Grain-level information, e.g., how the
applied load is partitioned among different grain families in the single-phase HEAs and between
two phases in the dual phase HEAs, are derived from neutron results. The crystal plasticity
finite-element simulation (CPFEM) was utilized to simulate the elastic-plastic response of (hkl)
lattice strains [290] as a function of stress at RT and to compare these with the neutron
experimental results quantitatively.
The coupled experimental and computational efforts (shown in Figure 4.1) can optimize
engineering properties and significantly facilitate the application of HEAs as future hightemperature materials. At the same time, the study could deepen our fundamental understanding
on the phase stability and strengthening mechanisms of both single-phase and multi-phase HEAs
through the integration of experimental and theoretical approaches.

146

Figure 4. 1 The schematic of the integrated experimental and computational efforts to design
new HEAs with balanced yield strength and ductility
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4.2 Methods
4.2.1 Sample preparation.
The Al0.3CoCrFeNi was fabricated by vacuum-induction melting with a nominal
chemical composition of 7.00Al-23.26Co-23.26Cr-23.26Fe-23.26Ni [atomic percentage (at. %)]
to cast a plate of ~ 127 mm × 305 mm × 19 mm. Then the specimen has undergone the hotisostatic-pressing (HIP) process at 1,204 °C and 103 MPa for 4 hours. Then Al0.3CoCrFeNi was
quartz-tubed with the triple-pumped argon and undergoes the homogenization treatment at
1,200 °C for 2 hours (h), followed by air cooling, and aging at 700 °C 500 h, respectively. After
that, the samples were water quenched.
4.2.2 Microstructural characterization.
Atom probe tomography (APT) was performed at the Oak Ridge National Laboratory
(ORNL) Center for Nanophase Materials Sciences (CNMS) [291]. The interest region was
extracted as a wedge, and mounted to a Si post array, using a FEI Nova 200 focused ion beam
(FIB) system and micromanipulators. Then the specimen is further sharped into a needle, with a
diameter of less than 100 nm by a series of annular-milling patterns. The APT experiments were
conducted, using a CAMECA Instruments LEAP 4000X HR, at the base temperature of ~ 223 °C. The datasets were reconstructed and analyzed using the IVAS 3.6.8 software (CAMECA
Instruments) [291].
4.2.3 In-situ tensile tests performed in the neutron-diffraction facility.
In-situ neutron-diffraction experiments were performed at the VULCAN Engineering
Materials Diffractometer of the Spallation Neutron Source (SNS), Oak Ridge National
Laboratory (ORNL). VULCAN [292] is a time-of-flight (TOF) neutron diffractometer using
neutron pulses with a range of wavelengths (~ 0.5 - 8 Å), which is optimized to measure elastic
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strains at precise locations in bulky specimens. The experimental loading rig is mounted with its
loading axis oriented horizontally and at 45o to the incident beam, with two detectors oriented at
90o to this beam (see Figure 4.2). The two stationary detector banks collect simultaneously two
complete diffraction patterns in the axial and radial directions, respectively. Diffraction from the
crystal lattice of grains, whose plane normal (that is, <hkl>) is parallel to the axial or radial
directions, will be detected, and the lattice spacing, dhkl, can thus be measured from the
diffraction peak, corresponding to the (hkl) reflection. The dimensions of the cylindrical dogbone specimen for the in-situ tensile test were 50 mm in length and 6.35 mm in diameter. Figure
1a is the schematic of the real-time in-situ neutron diffraction setup at VULCAN, SNS, ORNL.
The incident beam size is 5 mm × 5 mm. The measuring time for each stress level is ∼ 10 min.
Strain is determined parallel to the applied load, using extensometer. Figure 4.2(b) presents the
enlarged gauge volume under neutron diffraction.
4.2.4 Thermodynamic modeling
The phase diagrams and thermodynamic properties of the Al0.3CoCrFeNi HEAs are
predicted by the phenomenological CALPHAD approach, using PanHEA database [54, 273,
279-282]. The CALPHAD approach is based on the thermodynamic law that a system reaches its
equilibrium when it attains the lowest Gibbs energy at a given composition, temperature, and
pressure. The thermodynamic description for higher-order HEA systems is obtained via
extrapolation from its constituent lower-order systems, such as binary and ternary systems [293].
A thermodynamic database for the Al–Co–Cr–Fe–Ni system was developed in the entire
composition region. Details of these thermodynamic models can be found in References [54, 273,
279-282]. The PANDAT software [54, 273, 279-282] was performed under the
PanPhaseDiagram module for the present work.
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Figure 4. 2 Schematic of the sample dimension (unit in mm) and position for neutron-diffraction
measurements of lattice strain distributions during in-situ tensile loading for Al0.3CoCrFeNi
HEA. The beam size is 5 mm
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4.2.5 Crystal-plasticity finite-element modeling (CPFEM).
A CPFEM is developed to predict the lattice strain evolution during the tensile test in
HEA materials. The slip-based crystal-plasticity model considered the slip deformation inside
each grain, and the yielding sequence of different grains is governed by the grain orientation,
elastic modulus, and Schmid factor of specific slip systems. The constitutive parameters include
elastic constants, C11, C12, and C44, the critical resolved shear stress, τ0, and those describing the
strain-rate dependence and hardening behavior. The concise description of crystal plasticity
theory and its constitutive equations can be reviewed in the references [294-296]. Two
representative volume element (RVE) models were constructed, respectively, due to the different
microstructure of the HEAs studied in the tensile tests. For the Al0.3CoCrFeNi (after
homogenized at 1,250 °C for 2 h) containing single FCC phase, the RVE was built by 1000 cubic
grains with each cubic grain contains 4 three-dimensional eight-node brick elements in the
random crystallographic orientation distribution. The RVE model for the Al0.3CoCrFeNi (after
aged at 700 °C for 500 h) was created based on the microstructure observation shown in Figure
4.10(b) showing the mixture of FCC matrix and needle-like B2 phase. This model aggregates
1000 cubic grains, in which a collection of 3×3×3 cubic units are composed of a FCC-matrix
grain and B2 grain. Specifically, the needle-like B2 phase is embed into the FCC matrix in the
middle of the 3×3×3 cubic unit. Similarly, the grain orientation is random for both FCC and B2
phases. The faces of both RVE models with normal directions of x, y, and z as shown in Figure
4.10(a) are prescribed with the symmetric boundary conditions. A ramping displacement with a
constant rate is applied on the surface with z normal direction. The diffraction vector is parallel
with the loading direction which is the z direction. This simulation has been implemented in a
commercial finite-element software-ABAQUS, through the modified user-defined material
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(UMAT) subroutine [297] to investigate the lattice strain evolution in a polycrystalline aggregate.
The calculated {hkl} lattice strain was a volume average of the projected elastic strains in a
subset of grains, whose {hkl} plane normal direction was parallel to the diffraction vector.
4.3 Results
4.3.1 CALPHAD analysis and phase stability at both 1,250 °C and 700 °C
Figure 4.3(a) presents the equilibrium phase diagram of the Al0.3CoCrFeNi HEA,
provided by CALPHAD thermodynamic calculations. One can see that under equilibrium
condition, its melting temperature is about 1,427 °C. Then the liquid transforms into the FCC
solid phase, which is the only one stable phase at the temperature range from 1,028 to 1,427 °C.
Below 1,028 °C, the ordered B2 phase precipitates out from the FCC matrix. As the temperature
goes down to 725 °C and 606 °C, σ and L12 phases start to form, respectively. According to
phase diagram [Figure 4.3(a)], the alloy is composed of pure FCC phase, when the annealing
temperature is 1,250 °C. When it is annealed at 700 °C for a sufficient time, the alloy consists of
FCC, B2, and phases. More detailed information, e.g., chemical compositions of each phase at
two annealing temperatures (1250 °C and 700 °C), from our thermodynamic calculations is listed
in Figure 4.3(b), which indicates that the FCC phase is homogenous with nominal chemical
composition of the Al0.3CoCrFeNi, ordered B2 phase is NiAl rich, and the σ phase is Cr rich. The
comparison between thermodynamic calculations with APT experimental results will be
discussed in Section 4.4.5.
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(a)

(b)
Parameters

Phase Composition (at. %)
T (°C)
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Phase
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(%)
Al

Co

Cr

Fe

Ni

Alloys

1,250
Al0.3CoCrFeNi
700

FCC

100

6.976

23.256

23.256

23.256

23.256

FCC

85

0.276

40.480

8.466

47.902

2.876

B2

12

22.160

3.632

0.689

4.414

69.106

σ

3

0.016

25.112

54.240

18.277

0.236

Figure 4. 3 Thermodynamic Calculation of Al0.3CoCrFeNi HEA. (a) Calculated phase diagram
in the temperature range from 200 °C to 1,500 °C.

(b) Stable phases, phase fractions, and

phase-chemical compositions at two annealing temperatures
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4.3.2 Microstructure of the Al0.3CoCrFeNi after annealing at 1,250 °C for 2 hours
The 3-dimentional (3D) APT elemental maps of the Al0.3CoCrFeNi HEA after annealing
at 1,250 °C for 2 hours in Figure 4.4(a) show that the distribution of Al, Co, Cr, Fe, and Ni
elements within the analyzed volume, 35 × 35 × 75 nm3, is homogeneous with no indication of
segregation or clustering on the atomic scale. Shown in Figure 4.4(b), the concentrations of the
different elements, Al, Co, Cr, Fe, and Ni, along with the black arrow in Figure 4.4(a), represent
small concentration fluctuations. In order to quantify the concentration fluctuations, the
frequency distribution of nanoscaled atomic clusters obtained from the experimental APT data is
compared with the classical binomial frequency distribution, f (n) [68]. The deviation of the
experimentally-measured distribution from the binomial can be quantified, by means of the
normalized statistics,  [68]. can track the changes in the degree of solute segregation.
When is equal to 0, it means a random distribution. But when is 1, it suggests a complete
association in the occurrence of the solute atoms.

n
f (n)    p k (1  p) n k
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where n is the number of solute atoms.
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where e(n) is the number of blocks containing n solute atoms in the experimental data.
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(4.3)

Figure 4. 4 APT analysis of Al0.3CoCrFeNi alloy after annealing at 1,250 °C for 2 hours. (a)
3D-reconstruction of a 35 × 35 × 75 nm3 volume, showing a homogeneous distribution of all
constituted elements, Al, Co, Cr, Fe, and Ni; (b) One dimensional chemical concentration profile
along the arrowed direction in a; (c) Binominal frequency distribution analysis of all alloying
elements, Al, Co, Cr, Fe, and Ni. (For interpretation of the references to color in this figure, the
reader is referred to the web-version of the paper)
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The  values for Al, Co, Cr, Fe, and Ni were found to be 0.1138, 0.0389, 0.0520, 0.0349,
and 0.1042, respectively, which confirm that the Al, Co, Cr, Fe, and Ni distributions are indeed
homogenous after annealing at 1,250 °C for 2 h.
4.3.3 Precipitation phases and morphologies after the heat treatment at 700 °C for 500 h
In order to increase the yield strength of the Al0.3CoCrFeNi HEA, we tried two-step heat
treatments, with the assistance of thermodynamic modeling (Section 4.3.1). The microstructure
after aging at 700 °C for 500 h within a grain is shown in Figure 4.5. The SEM image shows that
needle-like second phases appear in the matrix [Figure 4.5(a)]. Since the width of the second
phase is around 100 - 200 nm, APT is used to obtain the chemical distribution and interfacial
configuration of the Al0.3CoCrFeNi HEA on the nanometer level. The APT of the Al0.3CoCrFeNi
HEA after aging at 700 °C for 500 h is shown in Figure 4.5(b). The dimension of the second
phase, ~ 140 nm, is consistent with the SEM results. The concentration profile of all alloying
elements within both the second phase and the matrix is shown in Figure 4.5(c). The results
indicate that the second phase is the Al-Ni-rich B2 phase. The width of the transition region
between B2 and disordered FCC phases is 20 ~ 30 nm. The comparison bewteen the APT
exprerimental results and thermodynamic calculations will be discussed in Section 4.4.5.
The microstructure after aging at 700 °C for 500 h from the grain-boundary region is
shown in Figure 4.6. An atom map shows the atomic distribution, which contains Cr-rich
precipitates [Figure 4.6(b)], and the proximity histogram, presenting atomic concentrations
across the interface between the FCC matrix and Cr-rich precipitates.
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Figure 4. 5 Microstructures with grains of Al0.3CoCrFeNi after heat-treatment at 700 °C for 500
h. (a) SEM image. Needle-like second phases (white) appear in the FCC matrix (Black). (c)
Elemental profiles across the second phase along the black arrow in (b), obtained from the APT
data. Note the interface region, where the compositions of the five elements vary considerably
over a distance typically ≈ 20 ~ 30 nm. The structural identities of these two phases are
established using this and other presented in Figure 4.3
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Figure 4. 6 Microstructure along the grain boundary after aging at 700 °C for 500 hours of the
Al0.3CoCrFeNi. (a) Elemental maps showing that Cr-rich cluster (in the left hand corner) in the
FCC matrix. (b) Concentrations of the elements, Al, Co, Cr, Fe, and Ni, along the interface (30
at. % Cr) between FCC matrix and  phase. The error bars represent the 2 standard deviation
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4.3.4 In-Situ characterization of lattice-strain evolution during tension of Al0.3CoCrFeNi
after homogenization at 1,250 °C for 2 h
In-situ neutron-diffraction techniques [36, 205] subjected to continuous tension are used
to study lattice-strain changes as a function of stress of Al0.3CoCrFeNi after homogenization at
1250 °C for 2 h. The macroscopic stress-strain behavior during in-situ tension at room
temperature was measured [Figure 4.7(a)]. In the elastic region, the machine is under a stresscontrol mode, i.e., the tension tests are interrupted and hold for 10 minutes at 20, 40, 60, 80, 100,
120, and 140 MPa, respectively. Then the machine is under a strain-control mode. The
macroscopic stress-strain curve is shown in Figure 4.7(a). The yielding stress is around 145 MPa.
The neutron- scattering geometry allows for simultaneous measurements of two
scattering vectors, which are parallel and perpendicular to the tensile axis, respectively.
Diffraction from the crystal lattice of grains, whose plane normal (that is, <hkl>) is parallel to the
loading direction and satisfies Bragg’s law, is detected by Bank 1. At the same time, diffraction
pattern from the crystal lattice, whose plane normal is perpendicular to the loading direction and
satisfies Bragg’s law, is detected by Bank 2. Figures 4.7(b) and 4.7(c) show typical diffraction
pattern of the Al0.3CoCrFeNi HEA after homogenization at 1,250 °C for 2 h from Banks 1 and 2,
respectively, measured at room temperature, with a 10-minute data collection. All peaks are
indexed to an FCC structure, presented in Figures 4.7(b) and 4.7(c). The intensity difference
between Figures 4.7(b) and 4.7(c) indicates that the material has a strong texture.
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Figure 4. 7 Neutron diffraction pattern of the Al0.3CoCrFeNi HEA alloy after annealing at 1,250
°C for 2 hours. (a) tensile stress-strain curve; (b) neutron diffraction pattern, detected by Bank 1
Detector. (b) neutron diffraction pattern, detected by Bank 2 Detector; and (d) evolution of lattice
strain of the current HEA as a function of applied stress during tension
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The hkl plane-specific lattice strain is grain-orientation dependent and described as the
average lattice strain accumulated in the diffracted grains, whose hkl plane normal is parallel to
the diffraction vector, Q. In the Al0.3CoCrFeNi HEA, the hkl plane-specific lattice strain is
determined by
0
 hkl   dhkl  dhkl
 / dhkl0

(4.4)

0
where  hkl is the lattice strain in the hkl-oriented grains, d hkl
is the reference lattice spacing

before deformation under the unloaded state, and d hkl is the d spacing as a function of the applied
stress, for the respective phases.
The lattice-strain evolution of <200>, <220>, <311>, and <331> within the
Al0.3CoCrFeNi after homogenization at 1,250 for 2 h during tensile deformation at room
temperature is shown in Figure 4.7(d). The results illustrate that the lattice-strain change is
strongly dependent on the grain orientations, indicative of the strong elastic anisotropy. The {200}
grains exhibit the largest elastic strain along the loading direction and a significant shift relative
to their linear-elastic response, which manifests the elastic-plastic transition. The {311} grains
have the second largest elastic strain but maintain nearly a linear response. The {220} and {113}
grains, on the other hand, have a lower elastic strain, indicating that they have a larger elastic
stiffness.
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4.3.5 In-Situ characterization of lattice-strain evolution during tension of Al0.3CoCrFeNi
after aging at 700 °C for 500 h
In-situ neutron-diffraction techniques [36, 205] subjected to continuous tension are used
to study lattice-strain changes as a function of stress for Al0.3CoCrFeNi after aging at 700 °C for
500 h. The macroscopic stress-strain behavior during in-situ tension at room temperature is
presented in Figure 4.8(a), where the 0.2 % proof stress of Al0.3CoCrFeNi (after aged at 700 °C
for 500 h) was determined as 300 MPa. Figures 4.8(b) and 4.8(c) show typical diffraction
patterns of Al0.3CoCrFeNi after aging at 700 °C for 500 h, measured by the Bank-1 and Bank-2
detectors, respectively, at room temperature with a 10-minute data collection. Besides FCC
peaks, at least three peaks, <110>, <200>, and <211> of a secondary phase, a B2 phase, are
present.
The evolution of the specific {hkl} lattice strains of the FCC matrix and B2 phase as a
function of average stress at room temperature are displayed in Figure 7(d). At 300 MPa, the
slope of the elastic strain of the FCC matrix is increased, relative to the linear-elastic response,
while the slope of the elastic strain of the B2 phase is reduced.
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Figure 4. 8 Neutron diffraction pattern of the Al0.3CoCrFeNi HEA alloy after aging at 700 °C for
500 h. (a) tensile stress-strain curve; (b) neutron diffraction pattern, detected by Bank 1 Detector;
(c) neutron diffraction pattern, detected by Bank 2 Detector; and (d) evolution of lattice strain of
the current HEA as a function of applied stress during tension
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4.3.6 Crystal-plasticity finite-element modeling
Details of the hardening law and other constitutive parameters can be found in the Table
2, where C11, C12, C44 are elastic constants, n is the rate sensitivity exponent, h0 is the initial
hardening modulus, τs is the saturation slip strength, τ0 is the initial slip strength and q is the ratio
of latent over self-hardening moduli with in the same set of slip system. The input elastic
constants are obtained by fitting Kroner model [298] and our simulation will further fine-tune
these values so as to fit the initial lattice strains when all grains and phases are in elastic
deformation. Note that the initial lattice strain splitting is primarily determined by the Schmid
factor (which is governed by the choice of slip system) and the directional modulus (which is
governed by the elastic anisotropy). The slip system is chosen as the {110} <111> system for B2
phase, and as the {111} <110> for FCC phase. The initial slip strength, 0, can be estimated from
the deviation of the lattice strain from linearity as the applied stress increases and exceeds the
elastic stage. In single phase polycrystalline materials, 0 relates to the macroscopic yield stress
by the Taylor-factor, being about 3.0 for random-textured FCC and BCC polycrystalline
materials. This is how we estimate 0 for the soft FCC phase. It is assumed that the B2 phase
does deform elastically in the overall tensile test.
The fitting results of macro stress-strain curve and lattice strain evolution are illustrated
in the Figures 4.9 and 4.10 for single-phase HEA and dual-phase HEA, respectively. The
scattered spots denote experimental data and the solid line represent simulation results. From
Figure 4.9(c), the fitting curve can predict macro deformation behavior, illustrating that
calculated lattice strain accurately fits the experimental results. Lattice strain splitting in elastic
deformation indicates the elastic anisotropy of different {hkl} grain families, which agree with
the observed behaviors. After yielding, the stresses transfer among different {hkl} grain families.
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Some hard-oriented grains undergo higher stress and soft-oriented grains undertake lower stress,
which results in lattice strain increases nonlinearly during plastic deformation.
Figure 4.10(b) shows stresses distribution in the RVE after deformation for
Al0.3CoCrFeNi (after aging at 700 °C for 500 h). The highlight green cubic units represent grains
of B2 phase, which indicates that B2 phase undergoes much higher stress than FCC phase after
plastic deformation. The lattice-strain evolution of dual-phase HEAs as a function of stress
predicted by CPFEM is shown in Figure 4.10(c), in comparison to the experimental
measurement during in situ tension at room temperature. The solid lines in Figure 4.10(c) are
predictions, while the symbols are experimental data. In Figure 4.10(c), the fitting results capture
the stress partitioning. After yielding, the increase rate of lattice strain of B2 phase drops
dramatically. However, lattice strain of FCC phase still increases linearly. The huge splitting of
FCC and B2 phases explain the stress partitioning in this kind of dual phase HEA. As a hard
phase, B2 phase has not yield during tensile test. Consequently, the stresses transfer to B2 phase,
which will enable higher plastic deformation. The strengthening B2 phase delays the localized
failure by stress transfer. The deviation of fitting results and experimental results is likely due to
the microstructure simplification.
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Table 4. 1 Input material parameters of FCC and B2 phases for crystal plasticity finite-element
simulations of the lattice strain evolution during tension at room temperature (RT).
Alloys

Phases C11(MPa) C12(MPa) C44(MPa) n

h0

τs

τ0

q

1#

FCC

229

168

122

10

85

185

44

1.0

2#

FCC

210

165

129

10

1000

630

120

1.0

B2

220

151

90

10

-

-

-

-

#: Alloy 1 is the Al0.3CoCrFeNi after homogenization at 1,250 °C for 2 h; Alloy 2 is the
Al0.3CoCrFeNi after aged at 700 °C for 500 h
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(a)

(b)

(c)

Figure 4. 9 The finite-element simulation is conducted on a tension specimen after
homogenization at 1,250 °C for 2 hours with cubic elements in the ABAQUS model
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(b)

(c)

Figure 4. 10 The finite-element simulation is conducted on a tension specimen after aging at 700
°C for 500 h with cubic elements in the ABAQUS model
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4.4 Discussion
4.4.1 Formation of B2 phase at 700 °C
As shown in Figure 4.5(a), the material after aging at 700 °C for 500 h is full of needlelike B2 precipitates oriented in <001> FCC matrix directions and these precipitates are expected
to produce hardening. Both the morphology and habit plane of B2 phase in FCC matrix are
similar to the Mg2Si phase in Al-Mg-Si alloys [299]. The lattice misfit between FCC matrix and
B2 phase indicates that the interface between FCC and B2 phases is incoherent. The B2 phase
prefers to locate in the <001> direction of FCC matrix [Figure 4.5(a)], and the configuration of
B2 phase is shown in Figure 11(b).
4.4.2 Strengthening Effect of B2 Phase
The lattice strain versus stress relationship [Figure 4.10(d)] provides key features in
understanding the governing deformation mechanisms. Qualitatively, the splitting of lattice
strains [Figure 4.10(d)] indicates load sharing between the hard B2 phase and soft FCC phases.
The in-situ neutron lattice evolution of the specific {hkl} lattice strains of the FCC matrix and
B2 phase as a function of average stress [Figure 4.10(d)] shows that at 300 MPa, the slope of the
FCC matrix is increased, relative to the linear-elastic response, while the slope of the elastic
strain of the B2 phase is reduced. This phenomenon directly proves that B2 is the strengthening
phase. The increased linear slope of the FCC matrix indicates that the matrix cannot assume the
further elastic strain and begins to plastically deform. Therefore, the yielding of the matrix leads
to the plastic strain besides the elastic strain. In contrast, the reduced slope of the elastic strain of
the precipitate reflects that the precipitate is still deforming elastically, and the additional plastic
strain from the matrix is transferred to the precipitate, which induces the decrease in the slope of
the elastic strain of the precipitate.
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B2 phase

(a)

 phase

(b)

FCC phase

(c)

Figure 4. 11 The schematic representation of the newly designed HEAs with balanced yield
strength and ductility after aged at 700 °C for 500 h. (a). material configurations, comprising
FCC matrix, needle-like B2 phase within grains, and granular phase along the grain boundary;
(b). cylindrical morphology for B2 phase, where the aspect ratio (A) of the precipitate is defined
as A = h / r; (c). orientation relationship between needle-like B2 precipitate and a {111} plane of
the FCC matrix.
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Precipitation-strengthening model is proposed to correlate the size and volume fraction of
precipitates with mechanical properties of the Al0.3CoCrFeNi alloy. Two main mechanisms,
either through a dislocation by-pass (Orowan-type) or particle shearing mechanism, exist for
precipitation hardening. Shearing is more common when precipitates are relatively small,
whereas bypassing is mostly seen when precipitates are large. After aged at 700 °C for 500 h, the
B2 precipitates become large, which cannot be sheared any more. Thus, dislocation in
Al0.3CoCrFeNi can only bypass by looping around them. This leaves an Orowan loop around the
precipitates that enhances the mechanical properties of the Al0.3CoCrFeNi alloy. When the B2
precipitates behave like non-shearable particles, the mean precipitates (obstacle) strength, which
is defined as interaction force between the obstacle and the dislocation, is given by the following
equations,
F  2 Gb2

(4.5)

where  is a constant close to 0.5, G is shear modulus [~ 88 GPa (calculated in Sect. 4.3)] of
FCC matrix, b is the Burge’s vector of dislocation within FCC matrix.
For non-shearable B2 precipitates, the effective obstacle spacing is the center-to-center
distance between precipitates, L [shown in Figure 11(b)].
1/2

 2 
L

 f PA 

r

(4.6)

where fPA is the volume fraction of the B2 precipitates, while <r> is the cylindrical radius of the
B2 precipitates.
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Thus, the contribution of B2 precipitates to the strength through the ageing as shown
below,
1/2

 ppt

 f 
 2 GbM  PA 
 2 

1
r

(4.7)

where M is Taylor vector. The final strengthen increment from the B2 precipitation, ppt is
determined to be 162 MPa, using  = 0.5, G = 88 GPa (calculated in Sect. 4.3), b =

2 × aFCC /

2 = 0.2535 nm, M = 3.06, < r > = 75 nm, and fPA = 0.2, which is consistent with the experimental
results (155 MPa).
4.4.3 Elastic-anisotropic behavior
Since there were no available experimental data for the single-crystal elastic constants of
the Al0.3CoCrFeNi, we estimated their elastic constants from the experimental polycrystalline
neutron diffraction data. This calculation is of practical importance, because single-crystal elastic
constants are usually not available for newly-designed alloys. The Al0.3CoCrFeNi material is
loaded uniaxially in the elastic regime, and each hkl-specific lattice strain as a function of the
applied stress in the loading and transverse directions, respectively, is measured simultaneously
using neutron diffraction (seen in Figure 4.2). Then 1/ Ehkl and  hkl / Ehkl are calculated, using the
Kroner model [211], by setting Cij as free parameters from the following equations (4.8) and
(4.9). Finally, single-crystal elastic constants, Cij, are determined by the least-squares fitting
covering the different measured hkl directions, ranging from the (200), (220), (331), and (111)
for Al0.3CoCrFeNi after aged at 700 °C for 500 h [Eq. (4.10)] [211].
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where K is the bulk modulus [ = (C11+2C12)/3]; Ehkl, υhkl, and Ghkl are Young's modulus,
Poisson's ratios, and shear moduli in the hkl direction, respectively; n is the number of (hkl)
diffraction planes used to fit the Kroner model; then (

Figure 7(d)] and (

 hkl
Ehkl

1
)exp [the linear slopes of Bank 1 within
Ehkl

)exp [the linear slopes of Bank 2 within Figure 7(d)] are determined from

neutron diffraction; e1 and e2 are the corresponding experimental errors. The calculated elastic
moduli, C11, C12, and C44 (listed in Table 4.2), is used for CPFEM. The calculated G is for Sect.
4.4.2.
4.4.4  phase formation in Al0.3CoCrFeNi
Combining both the thermodynamic calculations (Figure 4.2) and APT results [Figure
4.6(a)], the Cr-rich precipitate of Al0.3CoCrFeNi after aged at 700 °C for 500 h is referred to be
the  phase, which might deteriorate the grain-boundary area at high temperatures. Through the
detailed thermodynamic calculations (Figure 4.2), the  phase appears to be stable at
intermediate temperatures, between 350 °C and 720 °C for Al0.3CoCrFeNi. The  phase is
observed in the Al0.3CoCrFeNi for the first time, because (1) Cr is known as a strong  phase
former, and the  phase has also been shown to form in binary systems of the Cr-Co, Cr-Fe, and
Cr-Ni. (2) more substitutional elements (Al, Co, Cr, Fe, and Ni), having similar atomic radii, do
not make the  phase unstable for Al0.3CoCrFeNi HEAs [44]. The Co- and Cr-rich  phases
were also observed in the as-cast Al0.44CoCrFeNi alloy by the Z-contrast technique in a scanning
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TEM (STEM) mode [300], in Al-Co-Cr-Fe-Ni alloys containing around 15 to 23 atomic percent
(at.%) Al [301], in Cr-Fe-Co-Ni-Al-Ti alloys [255], in CoCrFeMnNi at grain boundaries after
annealing at 700 °C for 500 days [286], and stainless steels [284]. The hardness of the alloys
increases with increasing the content of the  phase in Fe-based composites [287]. But the 
phases are known to deteriorate the grain-boundary area at high temperatures. Thus, the
understanding of the  precipitation will allow for some control over the properties of HEAs in
the future.
4.4.5 Comparison between calculations and experimental results
The thermodynamically-calculated results (Figure 4.2) help us better understand the
experimental results. It facilitates the identification of the NiAl-rich phase (Figures 4.5(a) and
4.5(b) and the Cr-rich phases [Figures 4.6(a) and 4.6(b)] as the B2 and  phase in Al0.3CoCrFeNi,
respectively. There are great agreements of the phase fractions between the measured and
calculated values for Al0.3CoCrFeNi. The experimental results show that the FCC phase fraction
after homogenization at 1,250 °C for 2 hours is ~ 100 %, which agrees well with our calculated
result (~ 100 %) accordingly. At 700 °C, the calculated phase fractions of FCC phase, B2 phase,
and  phase, are 85, 12, and 3 %, respectively, while our experimental results [Figure 4.5(a)] are
80, 20, and 0 %, accordingly. The discrepancy for the Al0.3CoCrFeNi alloy may be due to the
inaccuracy of the current thermodynamic database or the selected-area dependence of the SEM
observations [Figure 4.5(a)]. Overall, the thermodynamic calculations provide accurate
predictions on phase fractions, phase chemical compositions, etc., and effectively accelerate the
new alloy design though adjusting heat treatment processing parameters.
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4.5 Conclusions
Above all, fundamental studies have been conducted, using (1) thermodynamic
calculations to quantify the phase compositions, phase fractions, and phase stability versus
temperature and composition, (2) characterization techniques (scanning-electron microscropy
and atomic-prove tomography) to quantify the second phase morphology, chemical compositions,
and to verify the thermodynamic calculations, (3) neutron diffraction to reveal the deformation
mechanisms of both single-phase and precipitate-strengthened HEAs, during tensile deformation,
and (4) crystal-plasticity finite-element modeling (CPFEM) to further verify the lattice evolution
of lattice strains during tensile deformation.
(1). New alloys with the balanced yield strength and ductility have been designed. After
two-step heat-treatments (homogenized at 1,250 °C for 2 hours and aged at 700 °C for 500 hours)
with the assistance of thermodynamic calculations, the optimum microstructure combinations,
the FCC matrix, needle-like B2 phase within grains in <001> direction, and granular phase
along grain boundary, is achieved for Al0.3CoCrFeNi.
(2). In-situ neutron-diffraction experiments were conducted to study the strengthening
effect of B2 phase on tensile properties of Al0.3CoCrFeNi HEAs directly. The results show that
the heat treatment introduces the secondary B2 phase into the FCC matrix, which increase the
yield strength from 145 MPa to 300 MPa. During tensile deformation, the reduced slope of the
elastic strain of the B2 phase reflects that the precipitate is still deforming elastically, and the
additional plastic strain from the FCC matrix is transferred to the B2 phase.
(3). The demonstration of an integrated approach, coupling modeling [thermodynamic
calculations and crystal-plasticity finite-element modeling (CPFEM)] and focused experiments,
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to design new HEAs with the balanced yield strength and ductility, which will be applicable for
the discovery and development of other engineering materials in the future.
(4). Orowan by-pass mechanism is expected to take the strengthening control in
Al0.3CoCrFeNi after aged at 700 °C for 500 h, when the radius of B2 particles exceeds a critical
value and are incoherent with the FCC matrix.
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Chapter V. Creep Behavior of Al0.3CoCrFeNi High-entropy Alloys
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5.1 Introduction
Novel structural materials are sought to extend the temperature and pressure of boilers,
steam turbines, and gas turbines. The efficiency of the conventional fossil-power plant is a strong
function of the steam temperature and pressure. By increasing the steam temperature from
593 °C to 700 °C, the efficiency will increase from 47 %, representing the current state-of-the-art
plant to around 55 %. For example, ferritic steels are currently used only at temperatures below
620 °C due to their limited creep resistance at higher tempratures. Thus, new alloy systems are
needed for advanced power plants. Recently, high-entropy alloys (HEAs) [4-6, 27, 28], [also
known as multicomponent alloys [4], multi-principal element alloys (MPEAs) [26], complex
concentrated alloys (CCAs) [27], compositionally complex alloys (CCAs) [28], or baseless alloys [27],
a new type of advanced materials, are nearly equiatomic and multi-element systems, which can
crystallize as a single phase or multi-phases [4-6]. In other words, HEAs are considered as “Metal
Buffet”, in which several metallic elements, e. g., Al, Co, Cr, Fe, Ni, Mn, Ti, Nb, Hf, Ta, Zr, are mixing
together. HEAs attract great attention for their outstanding properties, such as the good strength
and ductility [7-10], great fatigue [11, 12], outstanding low-temperature fracture toughness [14],
decent wear resistance [15-17], corrosion resistance [18], and elevated-temperature softening
resistance [19-21], which make them as potential structural materials with many applications.
The Al0.3CoCrFeNi HEA belongs to the AlxCoCrFeNi system, which is one of the most
well-developed and refined HEA systems. Former results show that Al0.3CoCrFeNi is a singlephase HEA. For long-term applications, the creep properties of HEAs must be examined
carefully. However, based on our knowledge, very limited studies have been done for HEAs on
their long-term creep behavior. Only two paper using indentation tests [22, 23], one paper using
stress relaxation tests [24], and one paper using in-situ slow strain rate tensile tests [25] to study
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and estimate the creep behavior of HEAs have been reported. For the FCC single-phase
Al0.3CoCrFeNi alloy, hot hardness resist without large changes for all experimental temperatures
in the time range of 30s, while the hardness decreases of the multi-phase AlxCoCrFeNi (x = 0.5,
0.7, 0.9, and 1.5) HEAs [22]. It confirms that single-phase HEAs exhibit better creep-resistance,
compared to multi-phase HEAs [22]. The displacement curve for the initial creep stage of
CoFeNi under the nanoindentation force can be described by an empirical law [35]. Thus, it
becomes obvious for critical issues about HEAs: (1) how does the multi-principal elements affect
the microstructures and their creep properties?; (2) how does the high-entropy configuration
influence creep deformation mechanisms at high temperatures?; (3) what is the specific
fundamental contributing factors in controlling the creep properties of HEAs? These issues will
be addressed by accomplishing the above goal.
The research efforts include new material development and applications, mechanical
behavior, deformation mechanisms, and microscopy science. A systematical study on creep
properties at elevated temperatures can assess the capability of HEAs as components in fossilenergy power plants with the steam temperature of 700 °C or even higher. At the same time, the
study could deepen our fundamental understanding on the creep deformation mechanisms of
HEAs at elevated temperatures. This research may result in a series of HEAs, which can strongly
elevate the steam working temperatures and pressures, and thus, the efficiency of fossil-energy
power plants in the future.
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5.2 Methods
5.2.1 Materials.
The nominal chemical composition of the Al0.3CoCrFeNi is 7.00Al-23.26Co-23.26Cr23.26Fe-23.26Ni [atomic percentage (at. %)]. An ingot with a dimension of 127 × 305 × 19 mm3
was fabricated by Sophisticated Alloys, Inc., using vacuum-induction-melting facility. Then the
specimen has undergone the hot-isostatic-pressing (HIP) process at 1,204 °C and 103 MPa for 4
hours in order to reduce defects forming during the casting and cooling processes.
5.2.2 Creep experiments at elevated temperatures.
The tension-creep behavior of the Al0.3CoCrFeNi HEAs was conducted under the
constant load mode [Figure 5.1 (a)], covering the stress range of 50 ~ 120 MPa and the
temperature range of 550 ~ 760 °C, with a round type sample (a gage diameter of 3.175 mm and
a gage length of 28 mm) [Figure 5.1 (b)]. A thermocouple was attached to the center of the
specimen gauge-length section. The sample was heated to and held at target temperature for at
least 1 hour until the sample temperature is stabilized within ±1 °C.
5.2.3 Microstructural characterization.
The fractography of crept samples is investigated by scanning electron microscopy
(SEM), using a Zeiss Auriga 40. Transmission-electron-microscopy (TEM) observations were
performed using a 300 keV Tecnai F30 microscope, attached with a X-ray energy dispersive
spectrometer (TEM-EDX), at the Electron Microscopy Laboratory of Peking University. The
TEM samples were prepared by mechanical polishing to approximately 30 μm in thickness,
followed by ion milling at the ion energy of ~ 2 kV and an incident angle of ± 6 º. Atom probe
tomography (APT) was performed at the Center for Nanophase Materials Sciences (CNMS),
Oak Ridge National Laboratory (ORNL).
188

(a)

(b)

Figure 5. 1 The schematic of the tension-creep equipment (a) and sample geometry (b)
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The interest region was extracted as a wedge, and mounted to a Si post array, using a FEI
Nova 200 focused ion beam (FIB) system and micromanipulators. Then the specimen is further
sharpen into a needle, with a diameter of less than 100 nm by a series of annular milling patterns.
5.3 Results
5.3.1 Microstructural characterizations before creep tests.
For the Al0.3CoCrFeNi alloy, only simple solid-solution structure [Figure 5.2(a)], facecentered cubic (FCC), is identified from the neutron diffraction pattern [Figure 5.2(b)], which is
consistent with the XRD analysis of AlxCoCrFeNi (x in molar ratio, x=0-2.0) HEAs [302]. The
bulk material contains coarse grains with size ~ 500 μm and large annealing twins. The
elemental maps of the Al0.3CoCrFeNi high-entropy alloy in Figure 5.2(c) show that the
distribution of Al, Co, Cr, Fe and Ni elements within the analyzed volume is homogeneous with
no indication of segregation or clustering at the atomic scale. The atom probe tomography (APT)
results of Figure 5.2(d) show that the concentrations of the different elements along with the
black arrow, which represents close to the nominal alloy composition.
5.3.2 Creep resistance
At all conditions (temperatures and stress levels), the creep curves exhibit typical
primary-creep and secondary-creep stages. During the primary creep stage, the creep rate is
changing with time. Under secondary creep (constant strain-rate conditions), the metal hardens,
resulting in increasing flow stresses. Eventually, at the third stage (tertiary creep), cavitation
and/or cracking increase the apparent strain rate or decrease the flow stress. At some conditions
[e.g. Figures 5.3(a) and 5.3(b)], the third stages take less time, due to the instability of the grain
boundary.
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(a)

(b)

(c)

(d)

Figure 5. 2 (a) Electron backscattered diffraction (EBSD)-inverse pole figure (IPF) showing the
microstructure of the Al0.3CoCrFeNi high-entropy alloy with annealing twins. (b) Neutron
diffraction pattern of the Al0.3CoCrFeNi high-entropy alloy. (c) APT analysis of the
Al0.3CoCrFeNi high-entropy alloy showing the homogeneous distribution of Al, Co, Cr, Fe, and
Ni elements. (d) APT results of 1D elements concentration taken along the black arrow
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Figure 5. 3 Macroscopic tensile-creep curves. (a) at 600 °C under 100 MPa, (b) at 700 °C under
100 MPa, (c) at 760 °C under 60 MPa, and (d) at 760 °C under 40 MPa of the Al0.3CoCrFeNi
(as-HIPed). At all conditions, creep curves exhibit typical primary-creep and secondary-creep
stages
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(a)

(b)

Strain rate: 5.85 × 10-9 s-1

Figure 5.3 Continued
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(d)
(c)

Strain rate: 1.64 × 10-8 s-1

(d)

Strain rate: 2.99 × 10-9 s-1

Figure 5.3 Continued

194

5.3.3 Fracture morphology of crept samples
A characteristic fractography provides an efficient way to study the fracture mechanism
of Al0.3CoCrFeNi HEAs. Based on the understanding of conventional alloys, the fracture
surfaces of HEAs can be categorized to be ductile and brittle fracture as well. After creep tests at
700 °C and stress level of 55, 75, and 100 MPa, respectively, fracture surfaces of the crept
samples were investigated using scanning electron microscope (SEM), shown in Figures 5.4, 5.5,
and 5.6. By comparing Figures 5.4(a), 5.5(a), and 5.6(a), the striation spacing increases as the
stress level increases, which agrees very well with the corresponding strain vs. time curves.
Under high magnification, as shown in Figures 5.4(b), 5.5(b), and 5.6(c), a high density of
dimple-like structures can be observed on the fracture surfaces at all three stress levels. A
dimple-like structure is related to the microvoid coalescence or aggregation [161], which is a
typical feature of ductile fracture. As the stress level increases, the percentage of dimple-like
structures gradually decrease, and instead, tear edges and cleavage steps begin to appear, as
denoted in Figure 5.6(b), which is caused by the coordinated operation of dislocations and
microvoids. The combination of both features (tear edges and cleavage steps) can be classified as
the quasi-cleavage fracture, which lies in-between brittle and ductile fracture modes. Planer
facets and river-like patterns can also be identified in Figure 5.6, which is the typical cleavage
fracture morphology, and cleavage fracture usually leads to brittle behavior. Thus, as the stress
level increases, the striation spacing increases, and the fracture mode changes from the ductile to
brittle fracture.
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(a)

(b)

Figure 5. 4 SEM image of the fracture surface after the creep test conducted at the temperature
of 700 ̊C and stress of 55 MPa
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Figure 5. 5 SEM image of the fracture surface after the creep test conducted at the temperature
of 700 ̊C and the stress of 75 MPa
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(a)

(b)

Figure 5.5 Continued
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(c)

Figure 5.5 Continued
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(a)

(b)

(c)

Figure 5. 6 SEM image of the fracture surface after the creep test conducted at the temperature
of 700 ̊C and stress of 100 MPa
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5.3.4 Microstructure evolution during creep
In order to study the microstructural evolution during creep test, the creep tests at 700 °C
and 35 MPa are interrupted at 50 hours, 100 hours, 150 hours, and 250 hours. The related curves
of strain as a function of crept time are shown in Figure 5.7. Even though the sample (c) has a
larger strain fluctuation, the slope of samples a, b, and c is almost the same, 4.35 × 10-9 s-1.
APT is conducted to study the elemental distribution and segregation during the creep
tests. Figure 5.8 shows the microstructures on the atomic level of Al0.3CoCrFeNi after creep test
at 700 °C and 75 MPa for 50 hours. The upper right figure of Al0.3CoCrFeNi is obtained by SEM
measurements. We can found granular precipitates around the grain boundary. An atom map
from the grain boundary region shows the atomic distribution, which contains Cr-rich
precipitates, and down left proximity histogram, presenting atomic concentrations across the
interface between matrix and Cr-rich precipitates. Figure 5.9 presents the microstructures on the
atomic level of Al0.3CoCrFeNi after the creep test at 700 °C and 75 MPa for 100 hours. The
upper right figure of Al0.3CoCrFeNi is obtained by SEM measurements. Even though we cannot
find precipitates within grains using SEM within grain, an atom map shows the atomic
distribution of Al, Co, Cr, Fe, and Ni, which contains NiAl-rich precipitates. The proximity
histograms present the Al concentration of small precipitate is lower than that of larger
precipitates. The microstructures on the atomic level of Al0.3CoCrFeNi after creep test at 700 °C
and 75 MPa for 150 hours are shown in Figure 5.10. The upper right figure of Al0.3CoCrFeNi
shows large granular precipitates along the grain boundary and needle-shape precipitates within
the grain. The atom map shows the atomic distributions of Al, Co, Cr, Fe, and Ni, which contains
also NiAl-rich precipitates. The proximity histograms present the Al concentration of precipitate
is similar to that of large precipitates in Figure 5.10.
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Figure 5. 7 Strain as a function of creep time for the Al0.3CoCrFeNi at 700 °C and 75 MPa. The
creep tests are interrupted at 50 hours (a), 100 hours (b), and 150 hours (c). Even though the
sample (c) has a larger strain fluctuation, the slope of samples a, b, and c is almost the same, 4.35
× 10-9 s-1.
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Figure 5. 8 Microstructure after the creep test at 700 °C and 75 MPa for the Al0.3CoCrFeNi. The
APT results show that Cr-rich precipitates are present along the grain boundary.
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Figure 5. 9 Microstructure after the creep test at 700 °C and 75 MPa for 100 hours for the
Al0.3CoCrFeNi. The APT results show that nanoscale NiAl-rich precipitates are present within
grains. For large precipitates, the Al concentration is higher than their counterpart, small
precipitates
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Figure 5. 10 Microstructure after the creep test at 700 °C and 75 MPa for 150 hours for the
Al0.3CoCrFeNi. The APT results show that needle-shape NiAl-rich precipitates are present
within grains. The Al concentration is half of the Ni concentration
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5.4 Discussion
5.4.1 Creep resistance
Creep behavior is characterized by the creep rate as the secondary stage using the following
scaling relation:




d
dt

(5.1)



where  is the creep rate, is the tensile displacement, and t is the creep time.
The steady creep-rates are summarized in Table 5.1. The double logarithmic plot of the stress vs.
strain rate is shown in Figure 5.11. The creep resistance of the Al0.3CoCrFeNi HEAs at 700 °C was

compared with conventional ferritic steels, P92, P122, and FBB8, in Figure 5.11. The steadystate creep rate of the Al0.3CoCrFeNi HEAs at 700 °C is significantly reduced by more than four
orders of magnitude at corresponding stresses, compared to FBB8 and conventional ferritic steels.
5.4.2 Creep mechanisms
The conventional creep tests mainly concern about the steady-state empirical scaling law
between the creep rate and the stress, where the exponent parameter suggests the creep
mechanism: diffusion-controlled or dislocation-movement-controlled. The apparent stress
exponent is measured, using the Power law,


 s  A n

(5.2)

Where A is a constant, is the applied stress, n is the stress exponent of the matrix.
According to Figure 5.12, the stress exponent of the matrix is around 2.2, which suggests the
dislocation glide is the dominate mechanism at 700 °C. More data points will be collected at lower

stress level.
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Figure 5. 11 Minimum strain rate as a function of applied stress for the Al0.3CoCrFeNi at 700 °C,
compared with conventional alloys
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Figure 5. 12 Minimum strain rate as a function of applied stress for the Al0.3CoCrFeNi (asHIPed) at 700 °C, 730 °C, and 760 °C, respectively
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Table 5. 1 The steady creep-rates of Al0.3CoCrFeNi (as-HIPed)

100 MPa

550 °C

600 °C

700 °C

730 °C

760 °C

1.86 x 10-10

1.47 x 10-9 s-1

5.85 × 10-9 s-1

-

-

s-1
85 MPa

-

-

5.09 × 10-9 s-1

-

80 MPa

-

-

2.68 × 10-9 s-1

-

-

75 MPa

-

-

4.44 × 10-9 s-1

-

-

70 MPa

-

-

1.99 × 10-9 s-1

4.59 × 10-9 s-1

-

65 MPa

-

-

2.09 × 10-9 s-1

3.81 × 10-9 s-1

4.58 × 10-7 s-1

60 MPa

-

-

5.00 × 10-9 s-1

5.36 × 10-10 s-1

1.64 × 10-8 s-1

55 MPa

-

-

1.14 × 10-8 s-1

1.32 × 10-8 s-1

7.13 × 10-7 s-1

50 MPa

-

-

2.04 × 10-9 s-1

1.09 × 10-9 s-1

3.26 × 10-9 s-1

45 MPa

-

-

-

-

9.85 × 10-8 s-1

40 MPa

-

-

-

-

2.99 x 10-9 s-1
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5.5 Conclusions
In summary, the outcomes of the development of the HEAs with creep resistance include:
(1) Suitable candidates, Al0.3CoCrFeNi high-entropy alloy (HEA) systems, for the application to
boilers and steam and gas turbines at temperatures up to 760 °C and a stress of 35 MPa. (2)
Fundamental understanding on the microstructural evolution of Al0.3CoCrFeNi HEAs at the
tension-creep conditions, and (3) The demonstration of an integrated approach, coupling
modeling and focused experiments, to identify HEAs that outperform conventional alloys for
high-temperature applications, which will be applicable for the discovery and development of
other high-temperature materials in the power-generating industry.
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Chapter VI. Annealing Effect on Serrated Flow of Al0.3CoCrFeNi HEAs
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6.1 Introduction
The serration behavior, or the so-called Portevin–Le Chatelier (PLC) effect, was
investigated for traditional alloys in past decades, and found to be closely related to the
deformation mechanism and microstructural evolution, which could be strongly affected by
temperature and strain rate [303]. Recently, the serration behavior of HEAs attracts more and
more attention and was studied through the comparison to that of traditional alloys. The tensile
stress-plastic strain curves of equiatomic solid-solution alloys, CoCrFeNi, CoCrMnNi, and
CoFeMnNi, at different temperatures are shown in Figures 6.1(a), 6.1(b), and 6.1(c) [175]. Some
of the alloys, CoCrMnNi and CoFeMnNi, exhibit pronounced serrations on their 400 °C stress–
strain curves that extend essentially from the yield point all the way to the start of necking. For
the CoCrFeMnNi HEA, it's relatively reasonable to expect that serration behavior may appear at
400 °C, and indeed it is [304]. This trend implies that similar deformation mechanisms may be
found between CoCrFeMnNi HEAs and the equiatomic alloys from their subset [305], which
could be easily noticed through the serration behavior. However, increasing the number of
elements in HEAs tends to increase the extent of serrations [305].
Moreover, the recent work suggests that better understanding of deformation mechanisms
could be achieved through the study of serration behavior for HEAs [126, 305]. The stress-strain
curves of the Al0.5CoCrCuFeNi HEA are studied at -266 °C, -265.5 °C, and -264 °C [shown in
Figure 6.1(d)] [126]. The saw-like plastic flow confirms that the presence of serration behavior at
-266 °C, -265.5 °C, and -264 °C is related to the changes of the microstructures and deformation
mechanisms. A closer look at the curves at -266 °C, -265.5 °C, and -264 °C reveals the
magnitude of serrations to dramatically increase with an increase in the compression strain.
Interestingly, a similar trend has been reported for amorphous materials [306-308].
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A mean-field theory (MFT) model was developed to investigate and predict the serration
behavior of HEAs, which has been successfully applied on studying the serration statistics of
nanocrystals, microcrystals, and bulk metallic glasses [305, 308-310]. The model is based on the
following assumptions: (1). A slowly-sheared material has weak spots where slip initiates when
the local stress exceeds its local threshold stress that is taken from a narrow probability
distribution. The local stress at each weak spot is the sum of the applied stress and the interaction
stress from the coupling to the other weak spots. In crystalline materials, the weak spots may be
the locations of defects, such as dislocations. But the model does not make any specific
assumptions about the details of the weak spots. (2). The weak spots are elastically coupled,
which means that one slip can trigger other slips, leading to a slip avalanche. Slip avalanches can
become macroscopically large. (3). The material is sheared sufficiently slowly so that slip
avalanches do not overlap in time. (4). The mean-field approximation replaces the long-range
elastic interactions with infinite range interactions. Using the theory of phase transitions [311],
the mean-field approximation can be shown not to affect the scaling behavior of the serration
statistics on long length scales [309, 310].
Based on the MFT theory, the complementary cumulative distribution function (CCDF),
C (S, F), can be derived as [309, 310]
C (S , F ) ~ ( Fc  F )( 1)/ C '(S ( Fc  F )1/ )

(6.1)

where C'(S, F) is another universal scaling function. CCDF gives the percentage of slips with
sizes larger than S. In this study, we present the results of CCDF from several HEAs instead of
the probability density function (PDF) [126], which are easy to compare and show directly the
trend of temperature effects.
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Figure 6.1(e) shows CCDF of the stress-drop sizes from slow compression experiments at
different temperatures. As predicted by the model, in the studied parameter range, the slowlysheared (under compression/tension) HEAs produce a broad range of slip-avalanche sizes with
smaller serration sizes at higher temperatures. Figure 6.1(e) clearly shows that the largest stressdrop size decreases, if the temperature is increased from -266 °C to -264 °C for the
Al0.5CoCrCuFeNi HEA under compression. The possible deformation mechanism may be related
to twinning [14, 115], since higher temperatures make it more difficult for deformation twins to
be induced. This is very probably the case in the cryogenic-temperature range where twinning
occurs during deformation [126, 305]. Increasing the temperature will induce the percentage of
twinning and, thus, a smaller slip size. Other possible reasons may also exist, like phasetransformation-induced changes in the deformation mechanism [14, 115]. Note that after the
compression of Al0.5CoCrCuFeNi at a temperature of 600 °C twinning could also occur with a
serrated flow [238].
Based on our limited knowledge, no paper has been published to study the annealing
effect on serrated flow of HEAs. In this chapter, microstructure effect on serration behavior of
Al0.3CoCrFeNi HEAs has been investigated.
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Figure 6. 1 Serration behavior of HEAs. Engineering stress vs. engineering plastic strain in
tension tests for the single-phase HEAs, CoCrFeNi (a), CoFeMnNi (b), and CoCrMnNi (c) [175].
(d) Compressive stress-strain curve for the Al0.5CoCrCuFeNi HEA at cryogenic temperatures
[126], and (e) CCDF curves of the magnitude of stress drops extracted from (d) [126].
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Figure 6.1 Continued
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6.2 Experimental and data analysis
6.2.1 Materials
The nominal composition of the Al0.3CoCrFeNi is 7.00Al-23.26Co-23.26Cr-23.26Fe23.26Ni [atomic percentage (at. %)]. The ingot (~ 127 mm × 305 mm × 19 mm) was fabricated
by vacuum-induction melting. The material underwent hot-isostatic pressing (HIPed) at
1,204 °C, 103 MPa for 4 h. Thus, it is named as Al0.3CoCrFeNi (as-HIPed).
Next the material was sealed in quartz tubes under vacuum for aging at 700 °C for 200 h
and been water quenched. Thus, it is named as Al0.3CoCrFeNi (as-heated).
6.2.2 Compression tests
A computer-controlled Material Test System (MTS) servohydraulic-testing machine was
employed for compression experiments on samples of the Al0.3CoCrFeNi (as-HIPed) and
Al0.3CoCrFeNi (as-heated) HEAs to characterize the mechanical behavior and related serrated
flow of the alloys. Two materials, with a geometry of 4 mm in length and 2 mm in diameter,
were uniaxially compressed at the constant strain rate, 2 × 10-4 s-1 at the temperatures from room
temperature (RT) to 600 °C. Loading of the specimens was terminated when deformation was ~
20 - 30 % in the whole temperature range.
6.2.3 Microstructure characterizations
TEM observations were carried out with a 300 keV Tecnai F30 microscope attached with
a X-ray energy dispersive spectrometer (TEM-EDX) at the Electron Microscopy Laboratory of
Peking University. TEM-EDX characterizations were performed under STEM nano-probe
condition with a beam size of about 1 nm. TEM samples were prepared by mechanical polishing
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to approximately 100 μm thickness, followed by dual jet polishing in an ethanol solution
containing 5% HClO4.
6.2.4 Data Analysis
In order to characterize the serrated flow, the compression data is analyzed by the LOESS
(LOcal regrESS) method [312], which is a strongly related non-parametric regression methods
that combine multiple regression models in a k-nearest-neighbor-based meta-model. "LOESS" is
a later generalization of LOWESS (locally weighted scatterplot smoothing). LOESS build
on "classical" methods, such as the linear and nonlinear least- squares regressions. They address
situations in which the classical procedures do not perform well or cannot be effectively applied
without undue labor. LOESS combines much of the simplicity of the linear least-squares
regression with the flexibility of nonlinear regression. It does this by fitting simple models to
localized subsets of the data to build up a function that describes the deterministic part of the
variation in the data, point by point. In fact, one of the chief attractions of this method is that the
data analyst is not required to specify a global function of any form to fit a model to the data,
only to fit segments of the data. A smooth curve through a set of data points obtained with this
statistical technique is called a LOESS Curve, particularly when each smoothed value is given by
a weighted quadratic least-squares regression over the span of values of the yaxis scattergram criterion variable. The snapshot of the data analysis of compressive stress-time
curves for Al0.3CoCrFeNi (as-HIPed) is shown in Figure 6.1.
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(a)

(b)
Stress drop

Figure 6. 2 The snapshot of the compressive data analysis of a single-phase Al0.3CoCrFeNi HEA
using the LOESS method. The blue dots are the experimental data and the red curves are the
related LOESS curves. The green line shows the definition of the stress-drop magnitude
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6.3 Results
6.3.1 Compressive serration behaviors of single-phase HEAs
Figure 6.3(a) shows the stress-time curves of the Al0.3CoCrFeNi (as-HIPed) HEA at
300 °C, 500 °C, and 600 °C, respectively. Two parameters, serration type and stress drop
magnitude, are discussed in this part to characterize the serration behavior of HEAs. The sawlike plastic flow confirms the presence of the Type-C serration behavior at 500 °C and 600 °C. A
closer look at the curves at 500 °C and 600 °C reveals that the magnitude of serrations to
dramatically changes with an increase in the compression strain. Interestingly, a similar trend has
been reported for amorphous materials [306-308].
6.3.2 Compressive serration behaviors of dual-phase HEAs
Besides the microstructures of Al0.3CoCrFeNi after the heat treatment at 700 °C for 500
h, the mechanical-property studies show that the strengthening effect of B2 phase is obvious.
Because of the B2 phase, the yielding strength at room temperature increases from 177 MPa to
349 MPa. The B2 effect on the serration behavior is also studied by the compression tests at the
strain rate of 2 x10-4 s-1 and different temperatures from RT to 600 °C. The stress-time curves are
analyzed by LOESS method [312] is shown in Figure 6.3). The results show that there are no
obvious Type-C serrations in the temperature range from RT to 600 °C.
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Figure 6. 3 The stress vs. time as a function of compressive temperatures for Al0.3CoCrFeNi (asHIPed). The blue dots are the experimental data, and the red curves are the related LOESS
curves. (a) 300 °C, (b) 500 °C, and (c) 600 °C
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(a)

(b)

Figure 6.3 Continued
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(c)

Figure 6.3 Continued
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Figure 6. 4 The stress vs. time as a function of compressive temperatures for Al0.3CoCrFeNi
(annealed 700 °C for 200 h). The blue dots are the experimental data, and the red curves are
related to LOESS curves. (a) 25 °C, (b) 400 °C, and (c) 600 °C
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(a)

(b)

Figure 6.4 Continued
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(c)

Figure 6.4 Continued
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6.4 Discussion
6.4.1 Magnitude and histogram of serration drops for Al0.3CoCrFeNi (as-HIPed)
Besides serration types, the magnitude of serration drops is another important parameter
to characterize the serration behavior. Then the magnitude of serration drops [Figure 6.2(b)] as a
function of time is quantified by the statistical software. The results are shown in Figure 6.5.
In order to obtain the information of the distribution of stress drops, further statistical
work have been done. Figure 6.6 is the histogram of stress drops at different compressive tests at
300 °C, 500 °C, and 600 °C, respectively.
6.4.2 Magnitude and histogram of serration drops for Al0.3CoCrFeNi (as-heated)
For the Al0.3CoCrFeNi (as-heated), the magnitude of serration drops [Figure 6.2(b)] as a
function of time is quantified by the statistical software. The results are shown in Figure 6.7. In
order to obtain the information of the distribution of stress drops, further statistical work have
been done. Figure 6.8 is the histogram of stress drops of the Al0.3CoCrFeNi (as-heated) at
different compressive tests at 25 °C, 400 °C, and 600 °C, respectively.
6.4.3 Modeling of serration behavior of single-phase Al0.3CoCrFeNi (as-HIPed)
Recent studies of serration statistics in slowly-compressed single crystals [309, 311], and
bulk metallic glasses [308] have shown that the serration statistics can display the detailindependent (universal) scaling behavior predicted by a mean-field model (MFT). A simple
mean-field theory (MFT) model successfully predicts the slip-avalanche statistics [120] observed
in many recent simulations of plastic deformation [122, 176-184]. This analytic model has the
advantage that as simple as it is and as few ingredients as it has, the model is able to give exact
quantitative predictions of avalanche dynamics [120].
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Figure 6. 5 The statistics of the stress-drop magnitude as a function of compressive time at the
temperatures of (a) 300 °C, (b) 500 °C, and (c) 600 °C of Al0.3CoCrFeNi (as-HIPed)
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(a)

(b)

Figure 6.5 Continued
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(c)

Figure 6.5 Continued
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Figure 6. 6 The histogram of stress drops at the temperatures of (a) 300 °C, (b) 500 °C, and (f)
600 °C for Al0.3CoCrFeNi (as-HIPed)
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(a)

(b)

Figure 6.6 Continued
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(c)

Figure 6.6 Continued
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Figure 6. 7 The statistics of the stress-drop magnitude for Al0.3CoCrFeNi (annealed 700 °C for
200 h) as a function of compressive time at the temperature of (a) 25 °C, (b) 400 °C, and (c)
600 °C
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(a)

(b)

Figure 6.7 Continued
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(c)

Figure 6.7 Continued
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Figure 6. 8 The histogram of stress drops for Al0.3CoCrFeNi (annealed 700 °C for 200 h) at the
temperature of (a) 25 °C, (b) 400 °C, and (c) 600 °C
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(a)

(b)

Figure 6.8 Continued
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(c)

Figure 6.8 Continued
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A recent study indicates that the above MFT model could be applied on HEAs [126].
Figure 6.9 shows the complementary cumulative distribution functions of the stress-drop sizes
for single-phase Al0.3CoCrFeNi HEAs at different temperatures and strain rates. It's clear that the
temperature could dramatically affect the stress-drop size. Generally, in a specific temperature
range, the stress-drop size will increase as the temperature increases, which is true for the
Al0.3CoCrFeNi HEA from RT to 600 Celsius (Figures 6.9 and 6.10). This experimental results
agree well with the MFT model prediction that the slip avalanches are expected to become
smaller for larger temperatures.
This study gives a glimpse of the usefulness of studying the serration statistics to
understand the creep-deformation mechanics of new materials, which can be used to compare
with the Portevin–Le Chatelier (PLC) effect in conventional alloys [313-317]. To further test the
theory, experimental studies of the slip statistics for a broader range of temperatures should be
performed, and the characterization of microstructures during and after deformation, e.g., using
transmission-electron microscopy (TEM) to investigate the dislocation and nanotwinning [318],
is essential to corroborate with our analysis results.
6.4.4 Discussion of serration deformation mechanism for single-phase HEAs
It is essential to explain why the serration behavior happens in the single-phase HEAs
and why not in the HEAs after heat treatment. Former studies show that the MFT model [120,
122, 123] could also be related to the deformation mechanism for HEAs, including the
dislocation motion and deformation twinning. In high-temperature ranges, the thermal vibration
energy of pinning solute atoms should be considered at high temperatures.
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Al0.3CoCrFeNi

Figure 6. 9 CCDF curves at 500 and 600 °C of Al0.3CoCrFeNi (as-HIPed) at the strain rates of 2
x 10-4 s-1
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Al0.3CoCrFeNi

Figure 6. 10 CCDF curve at the strain rates of 2 × 10-3 s-1, 2 × 10-4 s-1 and 5 × 10-5 s-1 at the
compressive deformation temperature of 500 °C of Al0.3CoCrFeNi (as-HIPed)
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Since single-phase Al0.3CoCrFeNi HEAs are regarded as solid solutions, each constituent
element can be a solute atom. However, the Al atom has a larger radius (143 picometers) than
other constituents, Co, Cr, Fe, Ni (125 picometers). At certain temperatures (e.g,, from 400 °C to
600 °C), the pinning effect of Al solutes around dislocations becomes obvious, since Al solute
atoms tend to shake away from their low energy sites for pinning as the thermal vibration energy
increases [116], which will lead to serrated flows. However, after annealing at 700 °C for 200 h,
the Al solute atom is repeled from the FCC matrix to form a new B2 phase. When dislocation
moves in the FCC matrix, there is the less Al atom-pinning effect, which results in no obvious
Type-C serrations. The pinning effect of Al atoms to dislocation is illustrated in Figure 6.11.
For different solid-solution systems, for instance, the twinning process may overwhelm
the dislocation process and dominate in the high-temperature range, or the combination of both
mechanisms may exist at the same time. Other possible reasons may also exist, like phasetransformation-induced changes in the deformation mechanism. Thus, more detailed studies for
the temperature effects are needed.
6.5 Conclusions
The annealing effect on serration behaviors of HEAs has been studied for the first time,
using compression experiments, statistical analysis, and TEM characterizations.
1. Temperature has an important effect on the serration behavior of the single-phase
Al0.3CoCrFeNi HEA. It shows Type C Serration in the temperature range of 400 °C to
600 °C.
2. Serration behavior depends on the material processing. The single-phase Al0.3CoCrFeNi
shows Type C serrations during compression tests at the strain rate of 0.0002 /s.
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Figure 6. 11 The schematic of solute atoms pinning effect to dislocation. The red ball represents
for Al atom (which has a large atomic radius of 143 picometers), while blue ball does for the Co,
Cr, Fe, Ni atoms (which has similar atomic radii, 125 picometers)
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(a)

(b)
B2
B2

B2
B2

B2

Figure 6. 12 TEM images after compression test at the temperature of 500 °C and strain rate of 2
× 10-4 s-1. (a) Al0.3CoCrFeNi (as-HIPed), (b) Al0.3CoCrFeNi (as-heated). Dislocation (marked by
red arrow) loop was observed in (a). Dislocation (marked by red arrow) only accumulated
around B2 phase.
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3. The (FCC + B2) Al0.3CoCrFeNi doesn’t show any Type C serration during compression
tests at a strain rate of 0.0002 /s in the temperature range from room temperature to
600 °C.
4. Mean-field modeling can quantify serration behaviors in high-entropy alloys.
5. For Al0.3CoCrFeNi, serrations are proposed to mainly originate from the interaction
between dislocations and Al solute atoms in the FCC region.
6.6 Author contributions
H. Diao and P. K. Liaw designed the whole chapter. Compression experiments were
performed at University of Tennessee, Knoxville by H. Diao. TEM was conducted at Peking
University, China, with the help of T. Yang. CCDF was assisted by K. A. Dahmen. H. Diao
wrote the paper. All authors discussed the results and comments on the manuscript.
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Chapter VII. Conclusions
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Above all, fundamental studies have been conducted, using (1) thermodynamic
calculations to quantify the phase compositions, phase fractions, and phase stability versus
temperature and composition, (2) mechanical tests (hardness, tensile, compression,
nanoindentation, and creep) for the ductility investigation and the creep-resistance examination,
(3) neutron diffraction to reveal the deformation mechanisms of both single-phase and
precipitate-strengthened

HEAs,

during

plastic

(tensile

and

creep)

deformation,

(4)

characterization techniques (atomic-probe tomography, transmission-electron microscopy) to
verify the predictions by thermodynamic calculations and study the creep deformation
mechanisms, and (5) crystal-plasticity finite-element modeling (CPFEM) to further verify the
lattice evolution of lattice strains duing high-temperature deformation.
In the first task, the formation of secondary phases at high temperatures, and their effect
on mechanical properties, is undertaken, using the AlxCoCrFeNi (x = 0.3, 0.5, and 0.7) as a
model alloy. Secondary phases, either introduced by alloying or heat treatment, are commonly
present in most high-entropy alloys (HEAs). The in-situ transmission-electron-microscopy (TEM)
heating observation for the Al0.7 alloy, an atom-probe-tomography (APT) study for the reference
starting material (Al0.3 and Al0.5 alloys), and thermodynamic calculations for all three alloys, are
performed to investigate (1) the aluminum effect on the secondary-phase fractions, (2) the
annealing-twinning formation in the face-centered-cubic (FCC) matrix, (3) the strengthening
effect of the secondary ordered body-centered-cubic (B2) phase, and (4) the nucleation path of
the secondary phase thoroughly. The present work will substantially optimize the alloy design
of HEAs and facilitate applications of HEAs to a wide temperature range.
In the second task, a novel Al0.3CoCrFeNi with balanced yielding strength and ductility
is designed by thermodynamic-modeling approach, integrated with experiments through two-step
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heat-treatments (homogenized at 1,250 °C first and then aging at 700 °C). After homogenization,
the material is a pure face-centered-cubic (FCC) solid solution. After aging at 700 °C for 500
hours, the optimal microstructure combinations, a FCC matrix, a needle-like ordered bodycentered-cubic (B2) phase within grains, and a granular  phase along the grain boundary, is
achieved. The chemical elemental partitioning of FCC, B2, and phases are quantitatively
characterized by both the advanced atom probe tomography (APT) and thermodynamic
calculations. In-situ neutron-diffraction experiments were conducted to investigate the latticestrain evolution and microscopic load-sharing mechanisms during the tensile deformation of
Al0.3CoCrFeNi alloys before and after the heat treatment. Finite-element simulations, based on
the crystal-plasticity theory, are performed and compared with the experimental results
quantitatively. Based on these interphase load-partitioning studies, it is found that the
deformation mechanism is dislocation slip at room temperature, and the B2 phase is the
strengthening phase in HEAs. This integrated approach was found to be effective to guide the
design and selection of alloy compositions and related aging procedures that might exhibit the
balanced strength and ductility in the field of HEAs. At the same time, the study could deepen
our fundamental understanding on the phase stability and deformation mechanisms of both the
single-phase and multi-phase HEAs.
In the third task, the tension-creep behavior of the Al0.3CoCrFeNi HEAs was studied over
the stress range of 50 ~ 120 MPa and the temperature range of 550 ~ 760 °C for the first time.
Then, creep tests at 700 °C and 75 MPa are interrupted to study the microstructural evolution
during creep by atom probe tomography (APT). The results show that is Al0.3CoCrFeNi HEAs
outperform conventional alloys in terms of creep-resistance. During creep, the nano-scaled L12
precipitates coarse and the ratio of Al in precipitates increases.
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In the fourth task, the annealing effect on serrated flow of Al0.3CoCrFeNi was studied for
the first time, using compression experiments, statistical analysis, and TEM characterizations.
Temperature has an important effect on the serration behavior of the single-phase Al0.3CoCrFeNi
HEA. It shows Type C Serration in the temperature range of 400 °C to 600 °C. Serration
behavior depends on the material processing. The single-phase Al0.3CoCrFeNi shows Type C
serrations during compression tests at the strain rate of 0.0002 /s. However, the (FCC + B2)
Al0.3CoCrFeNi doesn’t show any Type C serration during compression tests at a strain rate of
0.0002 /s in the temperature range from room temperature to 600 °C. Mean-field modeling can
quantify serration behaviors in high-entropy alloys. For Al0.3CoCrFeNi, serrations are proposed
to mainly originate from the interaction between dislocations and Al solute atoms in the FCC
region.
In summary, the outcomes of the development of the HEAs with creep resistance include:
(1) Suitable candidates, AlxCoCrFeNi high-entropy alloy (HEA) systems, for the application to
boilers and steam and gas turbines at temperatures up to 760 °C and a stress of 35 MPa. (2)
Fundamental understanding on the precipitate stability and deformation mechanisms of both
single-phase and precipitate-strengthened alloys at room and elevated temperatures, and (3) The
demonstration of an integrated approach, coupling modeling [thermodynamic calculations and
crystal-plasticity finite-element modeling (CPFEM)] and focused experiments, to identify HEAs
that outperform conventional alloys for high-temperature applications, which will be applicable
for the discovery and development of other high-temperature materials in the power-generating
industry.
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